The interaction of creep and cold work with ageing of some aluminium alloys. by Tavassoli, A. A.
- 1-
THE INTERACTION OF CREEP AND COLD WORK WITH 
AGEING OF SOME ALUMINIUM ALLOYS.
A THESIS SUBMITTED FOR THE DEGREE OF DOCTOR
OF PHILOSOPHY.
by
A.A.TAVASSOLI,M. Sc.Eng.
DEPARTMENT OF METALLURGY AND MATERIALS TECHNOLOGY, 
UNIVERSITY OF SURREY,GUILDFORD,SURREY,ENGLAND.
JUNE 1969.
6^1 & °(
ProQuest Number: 10804572
All rights reserved
INFORMATION TO ALL USERS 
The quality of this reproduction is dependent upon the quality of the copy submitted.
In the unlikely event that the author did not send a com p le te  manuscript 
and there are missing pages, these will be noted. Also, if material had to be removed,
a note will indicate the deletion.
uest
ProQuest 10804572
Published by ProQuest LLC(2018). Copyright of the Dissertation is held by the Author.
All rights reserved.
This work is protected against unauthorized copying under Title 17, United States C ode
Microform Edition © ProQuest LLC.
ProQuest LLC.
789 East Eisenhower Parkway 
P.O. Box 1346 
Ann Arbor, Ml 48106- 1346
- 2-
SYHOPSIS
The effect of cold work and creep strain on the 
ageing of three aluminium alloys has been investigated by 
means of mechanical testing and electron microscopy.
Cold work prior to ageing was found to accelerate 
the rate of zone formation in all alloys used,but the 
increase in peak strength,and rate of overageing,was dep­
endent upon the type of intermediate precipitate and 
composition of the alloy.
The effect of creep upon ageing is complex and 
depends critically on the ageing temperature and straining 
rate of the alloy.
If the straining rate is high and creep temperature 
low,the dislocations introduced by creep deformation 
become entangled and form subgrains. On further ageing 
heterogeneous precipitation occurs in these regions and 
they overage at a very high rate. At lower strain rates, 
and elevated temperatures,the interaction of dislocations 
with solute atoms and vacancies would reduce the diffusion 
of the solute atoms through the matrix.
(The effect of creep deformation on the ageing of the 
already aged material is dependent also upon the previous 
thermal history of the material. Creep deformation increa­
sed the rate of overageing by providing plenty of dislocat­
ions to accommodate strain caused by the coherency of the 
precipitate with the matrix. However,at early stages of 
ageing i.e. when the size of the precipitate is so small 
that it cannot support a dislocation loop at its interface 
and whilst dislocations may still provide nucleation sites 
for-precipitates,creep deformation reduced the rate of age­
ing.
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INTRODUCTION.
High, strength alloys of aluminium are widely- 
used in the construction of aircraft and aerospace 
vehicles owing to their favourable strength to weight 
and stiffness to weight characteristics. This,coupled 
with their generally acceptable corrosion resistance, 
availability and cost have made these alloys pre-eminent 
for airframe construction. However,recent trends 
-towards higher operating speeds have begun to place 
new demands on the established alloys and their 
position is being challenged by other materials,notably 
titanium alloys,high strength stainless steel and the 
new composite materials based on carbon fibres.
Compared with these materials,aluminium alloys 
have a number of advantages; Firstly,they are cheaper, 
more readily available and the technology of building 
them into aircraft structures is well established. 
Secondly,if a criterion of structural efficiency is 
taken as E ^ ^ / f  (the criterion for buckling of thin 
sheets in compression) then up to temperatures of about 
200°C some high strength aluminium alloys are still 
superior to the alternative materials.
The evolution of aluminium alloys has followed 
a route aimed at high strength at room temperature 
and until the challenge of supersonic aircraft,where 
the structure is heated to 100-180°C by aerodynamic 
skin friction,relatively little attention had been 
paid to their properties at elevated temperature.
The airframe of a supersonic aircraft is req­
uired to operate for about 30.000 hours useful life. 
Parts of the structure will be heated to 150-180°C
during the period of supersonic flight,but it will cool 
to ambien. temperature during the subsonic take off 
climb,desc ant - and landing periods,and,of course while 
on the ground. In addition to thermal cycling,the 
structure will be subjected to steady aerodynamic loads 
during flight with fluctuations due to gusts ,manoev- 
ering,take off and landing. Thus the structure is 
subjected to fatigue stresses both -when cold and hot, 
and to creep with fluctuating stress during the cruise 
period. Although there has been a great deal of work 
on the cold fatigue strength of aluminium alloys, 
comparatively little attention has been j>aid to creep 
or hot fatigue,and even less to the influence of one 
mode of loading upon the others.
The problem is complicated in the case of the 
high strength aluminium alloys by the fact that they 
are strengthened by the process of precipitation 
hardening,in which intermetallic compounds are prec­
ipitated in controlled amounts by a quench and low 
temperature heat treatment.In commercial alloys this 
heat treatment is carried out at temperatures in the 
range of 120 -200°C according to the type of alloy. 
Maximum hardness and strength is generally achieved 
after 2 -20hours of heating after which 'over ageing’ 
occurs xdlth loss of strength,although when cooled to 
ambient temperatures the strength is retained nearly 
indefinitly. Alloys which ’over age1 in the lower part 
of the quoted heat treatment range would clearly not 
be suitable for prolonged service at comparable temp­
eratures , therefore alloys have been developed in 
which the precipitation process has been retarded,so 
that although peak strength can be attained in a few 
hours at about 200°G,they resist overageing at slightly
lower temperatures (about 150°C) during long periods 
of exposun...
The precipitation process is however highly - 
sensitive to compositional and structural variables.
The amountvof both principal alloying elements and 
impurities can alter the rate of precipitation at a 
given temperature,as can structural features such as 
grain size,vacancy and dislocation concentrations,and 
the distribution of undissolved phases.
A previous investigation in the same laboratory 
 ^was concerned with the effect of periods of exposure 
to high temperature and creep on the subsequent fatigue 
strength of typical alloys intended for supersonic 
aircraft construction. This provided much data but no 
investigation of structural changes had been made. It 
is with this background that the present work was 
undertaken. It was decided to investigate the effect 
of both cold work and creep strain on ageing behaviour 
by means of mechanical property measurements and a 
complementary electron microscopic evaluation of the 
structures. In addition to the special alloy developed 
for supersonic aircraft,comparative studies have been 
conducted on two typical commercial alloys.
SECTION 1.
LITERATURE SURVEY
1.1. INTRODUCTION,
The study of precipitation phenomena has provided
a major field of metallurgical investigation during
(o')the period of more than forty years since Wilmv J 
found that certain aluminium alloys changed in hard­
ness on storage at room temperature. During the next 
decade it was widely realized that the precipitation 
process could materially enhance the properties of 
technological importance and this philosophy has cont­
inued to stimulate the search for new age-hardenable 
alloys. The expansion of experimental work after the 
Eirst World War rapidly confirmed that age-hardening 
originated in the atomic rearrangements accompanying 
the break down of super-saturated solid solutions. In­
vestigations carried out between the two i^ ars showed 
that these changes were frequently sub-microscopic 
and often highly complex. The challenge presented by 
our ignorance of such fine scale reactions has stimulated 
much fundamental work and notable contributions have 
been made to theoretical and experimental knowledge 
during past years.
Hardy and H e a l i n  1954 reviewed the precip­
itation hardening phenomena,but it was mainly concerned 
with the Thermodynamics and Kinetics of precipitation, 
and the precipitate structure deduced by using X-ray 
diffraction technique. Shortly afterward it became
obvious that electron microscope could be used to study
(4-7)dislocations and precipitates in the thin metal foilsv 1'
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The main advantage of the electron microscope is that 
it can reveal directly the microstructiire of the alloy, 
i.e. it gives information about the number,size,shape 
and distribution of precipitates.
Several other techniques have been developed in 
the last few years to provide valuable information on 
various aspects of precipitation hardening. Eor instance, 
careful measurements of electrical resistance of quen­
ched alloys and pure metals have yielded a much better 
understanding of the process of low-temperature diff­
usion in alloys. While,detailed studies of the mechan­
ical behaviour of single crystals of age-hardened alloy 
have provided precise values of the strength of the 
crystals containing a known distribution of precipitate 
of a definite type.
The latest review of the precipitation hardening 
phenomena is that by Nicholson and Kelly^\l963)•
Now,it is clear that the precipitate structure of a 
given alloy under given ageing time,and other condit­
ions, depends very much on the nature of the defects in 
the matrix. In particular the number of vacant lattice 
sites and the density of the dislocations and their 
arrangement*.
The sequence of precipitation in age-hardening 
alloys normally is: supersaturated solid solution - 
zones - intermediate precipitate(s) - equilibrium 
precipitate. Zones are very fine clusters of solute 
atoms which are fully coherent with the matrix. When 
the precipitate grows on further ageing,strain energy 
introduced in the matrix,due to difference in atomic 
size of the solute and matrix,is relieved by dislocations 
at the precipitate/matrix interface. At this stage
- 17-
intermediate precipitates are semi coherent with the 
matrix and would lose all their coherency on further 
ageing,and hence formation and growth of equilibrium 
precipitates•
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1.2. COHERENCY.
1.2.1.INTRODUCTION.
The first stage in the process of precipitation 
from a solid solution consists in the formation of 
aggregates of solute atoms which constitute meta-stahle 
regions having a chemical composition different from 
the average composition of the solid solution* Within 
these regions the atoms will be situated at-the average 
lattice points of the random solid solution. The regions 
may be formed on ageing,or possibly at the temperature 
of solution treatment or during the quench,and the 
aggregates may have associated with them a larger or 
smaller number of vacant lattice sites than will be 
found in an equal volume of the matrix. As precipitation 
proceeds the aggregates grow and may undergo internal 
ordering to produce a precipitate with a crystal str­
ucture quite different from that of the matrix.
The shape of the precipitate particles and the 
nature of the interface between the precipitate and the 
matrix are of interest and have a great influence on 
the mechanical properties of the resulting two phase 
structure. In particular,it is important to know whether 
glide dislocations moving in the matrix can pass through 
the precipitate,i.e. whether a glide dislocation in the 
matrix has the seme,or nearly the same,Burgers vector 
as a glide dislocation in the.precipitate structure or 
whether the glide dislocations in the two structures 
are quite different. The shape of a precipitate is gr­
eatly influenced by the nature of the interface between 
the precipitate and the matrix.
- 19-
1.2.2. FULLY COHERENT INTERFACE.
The interface between two crystals is defined 
as fully coherent when the crystals are placed in contact 
such that the plane of atoms constituting the interface 
has an atomic arrangement,disregarding chemical species 
of the atoms,which is common to both crystal structures. 
It is further necessary to specify that the atomic 
spacing in this plane in the two structures is closely 
the same. These conditions are illustrated in Eig.1.
A common example of a fully coherent interface is 
obtained when a crystal with a close-packed hexagonal 
structure is placed in contact with a crystal having 
a face-centred cubic Bravais lattice,with one atom at 
each lattice point,such that the (0001) plane of the 
hexagonal crystal-is in contact with a (111) plane of 
the cubic crystal. The interface parallel to the 
twinning plane,between two crystals in twin orient­
ation's an example of a fully coherent interface in 
a single-phase material.
In general,the separation of the atoms in a 
coherent interface is not quite the same in both the 
matrix and the precipitate,so that only when the 
interface is small in area can it be fully coherent, 
and the misfit must then be accomodated by elastic 
strains. Examples of precipitates possessing fully 
coherent interfaces with the matrix are zones in 
Al-Ag, Al-Zn and Al-Cu, the small particles of 
Co found in Cu-Co alloys.
A completely coherent precipitate can be 
defined as one in which all interfaces with the matrix 
are coherent and the Bravais lattice in the two crystal 
structures are identical,(differences in chemical
FIG.11 Illustrating a coherent interface 
between two crystals of slightly different 
atomic spacing.
I I
I B )
i I I I
i I i i
I I JL I
(b)
FIG .1.2. Illustrating the breakdown of coherency 
at an interface between two crystals. In (a) the 
dashed lattice is strained into registry with the 
lattice represented by the full lines. In (b) both 
lattices have their natural lattice parameter and 
dislocations represented by J. appear at the inter­
face.
I i ! 
i i i I
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species and consequent small changes in atomic spacing 
are neglected). Since the Bravais lattice in the matrix 
and completely coherent precipitate are the same,it is 
geometrically possible for a dislocation in the matrix 
to pass through the precipitate since the Burgers 
vector of a dislocation in the matrix will differ little, 
if at all,from that in the matrix.
1.2.5. PARTIALLY COHERENT PRECIPITATE.
If the interface becomes large in area the 
strain energy can be reduced by the introduction of • 
structural dislocations lying in the interface^’
Such an interface is not fully coherent and the dist­
inction is illustrated in Eig.2 for a two dimensional 
model. If the number of dislocations per unit area of 
interface is small then parts of the interface between 
these dislocations may appear to be fully coherent. It 
would seem best to regard such an interface as quasi- 
coherent and to define a, non-coherent interface as 
one in which the individual dislocations are so closely 
spaced that they cannot be recognized as separate 
defects.
A partially coherent precipitate is defined as 
one in which at least one interface is quasi-coherent.
A partially coherent precipitate necessarily has an 
orientation relationship with the matrix,but the 
observation of an orientation relationship does not 
necessarily mean any coherency. Well known examples 
of partially coherent precipitates are ©' in Al-Cu 
and y ' in Al-Ag. The © precipitate in Al-Cu,if produced by 
ageing of © * possesses an orientation relationship with 
the matrix but is not coherent.
1.2.4. NON-COHERENT PRECIPITATE.
A non-coherent precipitate is one in which none 
of the interfaces with the matrix is coherent. Examples 
of precipitates possessing non-coherent interface with 
the matrix are © in Al-Cu and S in Al-Cu-Mg#
- 25-
1.5c SHAPE OP PRECIPITATES.
1.5.1. INTERFACIAL ENERGY.
Since precipitation occurs by a process of 
diffusion,which amounts essentially to a simple inter­
change of atoms on a fixed array of sites,the first 
segregate of solute atoms formed must be completely
( o \
coherent with the matrix^ J. If the average atomic
volume of an atom in the matrix and in the precipitate
is different then elastic strains will be produced in
matrix and precipitate and it is usually assumed,—
(11 'ip')following Nabarrov J ,that these strains govern the
form of the precipitate and the plane of the matrix
on which it lies. Nabarro showed that if the precip­
itate remains completely coherent with the matrix the 
strain energy of the particle increases as the precip­
itate increases in size. If a sphere of unstrained 
radius (r0 + 5) is inserted into a spherical hole of 
radius r0 in the matrix the total elastic energy of 
a sphere of volume V = 4/57T r<j^ and bulk modulus K,in
a matrix of rigidity modulus G is
6GV62/(1+ 4G/3K) .  .........(1.1)
The energy thus increases as the volume of the precip­
itate particle and Nabarro also showed that this 
energy can only be reduced,due to anisotropy of the 
elastic constants,by a factor of about 6 by changes 
in the shape of precipitate.
This decrease in energy which can be obtained 
by altering the shape of a precipitate of given volume in 
an elastically anisotropic material may influence the 
initial shape of the precipitate when it is still 
coherent; a plate-shaped-precipitate is likely to have 
the lowest strain energy. Many precipitates in face-
centred cubic metals form as plates on {loojplanes if
the atomic volume of matrix and precipitate is app-
(15)reciably different' . This observation can be explained
(11)by anisotropic elasticity' J since the value of Youngs
modulus for all F.C.G. metals has a minimum along the
(14)<100> directions' . Since the strain energy depends 
on the volume of the precipitate then the formation 
of a smaller number of larger precipitates leads to 
no reduction in the total strain energy of a precipi­
tating system. The •chemical* free energy change,which 
is the driving force for precipitation.depends on the 
degree of supersaturation,and decreases as precipit­
ation proceeds. Therefore,unless -the strain energy is 
reduced in some way the process of precipitation 
must eventually cease.
If the precipitate breaks away from the matrix
and forms a non-coherent interface of such a type that
(11 12)a shear strain in the precipitate vanishes,Nabarro' ’
has shown that if all the strain occurs in the matrix
the energy is given by . . . .
W = 6GV52f(c/a) .........  (1.2.)
where f(c/a) is a function of the shape of a spheroid
with semi axes a,a,c. The energy is then least if
c/a«1, i.e. the non coherent precipitate occurs in
the form of a thin sheet.
(15) (9)Friedel' ^'and Brooks' "have discussed the
conditions under which an initially coherent precip­
itate can become non coherent as it grows. Friedel'. ' 
supposes that an initially coherent precipitate will 
become non-coherent when it^  ks so large that the elastic 
energy due to the difference in atomic volume of the 
matrix and precipitate becomes greater than the surface 
energy,y. Friedel takes the elastic energy of distortion
x p
as equal to 3&? 6 . The surface energy of the inter-o 2
face produced if coherency is destroyed is 4-U r0 Y*
This criterion then predicts that a precipitate larger
2
in radius than 4y/& G will he non-coherent. Triedel
2
takes y = 500 ergs/cm which is clearly limited to
completely non-coherent interfaces. If,in addition,
as\ 2 —2
G he taken 4- x 10 dyn/cm and 5 = 10 , corresponding
to a one percent mismatch in lattice parameter,this
criterion predicts that precipitates larger in radius
than 5000 A0 will he non coherent.
(Q \Brooks^y'has considered a rather similar crit­
erion,hut the method of treatment is quite different.
He considers the fitting together of two crystals 
of slightly different parameter hut of identical 
orientation. If the two crystals are forced into 
registry each-crystal will he strained elastically 
and uniformly. There is then no energy localized near 
the boundary hut-a large volume strain energy* He then 
considers the boundary to he very long relative to the 
thickness of the crystals normal to the boundary. The 
total energy can he reduced if it is localized near 
the boundary by an array of dislocations. These disl­
ocations would he spaced so that their stress field 
at large distances from the boundary produce a uniform 
stress exactly cancelling that due to the boundary 
tension. If the lattice parameters of matrix (Am) 
and precipitate (Ap) are
An = A(1+5/2), • •
Ap = A(1-6/2) . . . . . .  (1.5.)
The appropriate dislocation array is a row of edge type 
dislocations of Burgers vector a and spacing 
D — a/5 o o e o . . o . . (1.4-.)
Thus,when a precipitate achieves a length D in the
boundary plane,the energy of distortion will be reduced
if a dislocation is introduced^ ^  .For a = 4- x ICf^cm 
-2and 5 = 10 ,this implies that a precipitate of length
greater than 4-OO.ft will become non-coherent. Brooks
also evaluates the energy of the non-coherent boundary
in this case for the values of a and 5 above and
taking the shear moduli of the two crystals to be the
11 2same,about 4- x 10 dyn/cm ,his calculated energy is
p
about 80 orgs/cn • Brooks's and Friedel's estimates 
of the size of the particle when it becomes non­
coherent differ by an order of magnitude,largely 
because of the difference in surface energy. Both est­
imates are lower limits because there may be a diff­
iculty in nucleating the dislocations which form the 
interface.
1.5.2. MISFIT VECTOR.
(17')
Baker,Brandon and Nuttingv ''have considered 
how the elastic strains in and around a growing prec­
ipitate may be relieved by the aggregation of inter­
stitial atoms or vacancies. They consider that the tens­
ile stresses produced by the process of precipitation 
may be partly relieved by the formation of an edge 
dislocation ring surrounding the precipitate such that 
the direction of maximum tensile stress is as closely 
as possible parallel to the Burgers vector of the edge 
dislocation. Vacancies and interstitials are expected 
to condense most easily on close packed planes0and
(17)
Baker et alv r . Consider for an FeC.C,matrix the dis­
location reactions which could lead to subsequent 
formation of a dislocation with Burgers vector having 
a component along <100>,since for most precipitates 
in cubic crystals the maximum tensile strain is found
\ » \ i I
T rZ't
fFffcLtKi-uriiC|_priL
FIG.1.3. Illustrating the definition of the 
terms,misfit surface and misfit vector for a 
partially coherent precipitate (dashed lines) 
in a cubic matrix (full lines).
V
to occur along this direction.
The maximum tensile strain in a precipitate is 
of some importance in considering the formation of 
precipitates at dislocations. For a precipitate,of 
given crystal structure and lattice parameter forming 
in a given matrix,the interplanar spacing of some 
atomic planes in the precipitate may be closely the 
same as that of some planes in the matrix,whilst for 
other planes it is widely different. If the precipitate 
forms with a definite orientation relationship with 
the matrix we can define a misfit vector for the 
precipitate in the following way. If a line be drawn 
through the matrix (Fig.1.3.) and precipitate,the 
interplanar spacing for atom planes in matrix and 
precipitate perpendicular to this line'"can be measured^ ^
l
If these are d^ and dp respectively,a vector
parallel to this line can be defined,which is of
magnitude 2 K N - P' analogous to Nabarro's 5. The 
V d M+ d p
locus of the ends of all such vectors in a polar 
diagram is called the misfit surface of the precipitate, 
and the maximum vector so obtained for a given orient­
ation relationship between matrix and precipitate is 
called the misfit vector of the precipitate (see Pig.
If all the misfit between matrix and precip­
itate is taken up by elastic strains in the matrix,the 
misfit vector represents the direction of maximum 
tensile strain in the matrix. For an edge dislocation
For precipitates of different crystal structure, 
corresponding atom planes in the two structures will not 
be parallel. In this case the most clearly "correspon­
ding" planes must be chosen.
in an elastically isotropic medium,the maximum tensile 
strains occur in a direction parallel to the Burgers 
vector and hence,if the precipitate nucleates on the 
dislocation,the greatest reduction in strain energy 
will occur if the precipitate and the dislocation are 
so oriented that the misfit vector of the precipitate 
is parallel to the Burgers vector of the dislocation. 
Generally,the misfit surface of a plate shaped prec­
ipitate is a needle,the axis of which is perpendicular 
to the plane of the plate whilst the misfit surface 
of a needle-shaped precipitate is a plate.
1c DEFECT STRUCTURE OF THE SUPERSATURATED SOLID 
SOLUTION.
1.4.1. INTRODUCTION.
It is now well established that when metals are 
quenched rapidly from high temperatures, concentrations 
of excess vacancies may be introduced. Several mechan­
isms have been proposed to account for the way in which 
these vacancies subsequently anneal out,e.g. by the
formation of cavities along dislocations (Coulomb and 
(17")Friedel 1957) ,the condensation of vacancies into
collapsed discs to form loops of dislocation line
(Frank 1950^^\Kuhlmann~Wilsdorf 1958^^ .Eimura et
al 1958 a<-20\ b s1959(-2’1\Maddin et al 1958^22h
( 27)')Kuhlnann-Wilsdorf et al 1958^ ^),and the condensation 
of vacancies on dislocations causing climb (Seitz 1952^^, 
Cottrell 1957^  25h.
Recently,direct electron microscope evidence in 
favour of the formation of collapsed discs of vacancies
( 2 ft")has been obtained by Hirsch et al (1958) who observed
small dislocation loops with the expected properties
in quenched aluminium and tetrahedra in quenched gold.
These workers confirmed the prediction of Kuhlmann-
Wilsdorf (1958) who drew attention to the fact that
differences in loop properties should be expected in
metals with different stacking fault energies. Hirsch
et al (1958) and Silcox and Hirsch (1959)^*^estimated
the initial concentration of vacancies required to
produce the observed defects to be 10~Zl* in aluminium 
-5and 6 x 10  ^in gold.
Microscopic evidence for climb of dislocations 
in fluorite crystals has been obtained using decoration 
techniques (Bontinck and Amelinckx^^ ,Amelinckx^<^  ,
Bontinck^^) . These workers observed helical disloc­
ations about 10ji diameter as expected for the climb of 
screw dislocations. Similar effects in germanium have 
been observed by Dash (1958)^^ and by Tweet (1958)^^.. 
Thomas and Whelan (1959)^^ observed helical dislocat­
ions in quenched aluminium 4% copper. They showed that 
the formation of loops by condensation of vacancies 
did not readily occur,but that most of the vacancies 
condensed on screw dislocations producing heliceso
which varied in radius and pitch from 250 A to more
o
than 1500 A. The vacancy concentration to produce the 
observed climb was estimated to be about 3 x 10 .
1.4.2.. QUENCHING- DEFECTS IK ALUMINIUM,AND SOME METALS.
The defect structure of the pure metals depends 
on their stacking fault energy and will only be discussed
briefly. In aluminium the microstructure consists of
0 (26 34)prismatic dislocation loops about 500 A in diameterv ’
which are formed by collapse and shear of discs of
(19)
vacancies in the manner predicted by Kuhlmann-Vilsdorfv .
—4The measured concentration of vacancies is about 10
Most loops appear singly and lie 011 {111} planes but
( 34)Wilsdorf and Kuhlmann-Wilsdorfw  ' have shown that some 
loops lie on {100} and { ^ 0 )  planes while others appear 
as pairs. The later effect is interpreted in terms of 
the collapse of voids which are more than one atom 
layer thick. Dislocations,introduced by quenching strains, 
are extremely irregular and are surrounded by a region 
containing no dislocation loops. This suggests that the 
dislocations act as vacancy sinks by a process of climb. 
Similarly,regions adjacent to grain boundaries are 
denuded of loops since most boundaries offer copious 
sinks for vacancies. The width of the loop-free zone
near dislocations and grain boundary increases with 
slower quenching rates.
The structure of quenched copperw ^'is somewhat 
similar to quenched aluminium although the diameter and 
number of the dislocation loops is smaller and under 
some conditions the defects cannot he fully resolved. 
Nickel has a similar stacking fault energy to alumin­
ium hut few prismatic loops are found and no other
(35 55 *7)
defects have heen observedw ^’^  . It is possible
that the difference between Ni and Al is due to ferro-
( n7)magnetic effectsw  •
M q)
Kuhlmann-Wilsdorfv predicted that Frank sessile
dislocation loops would be formed in quenched metals
of low stacking fault energy,but in gold it was found
that the Frank sessile dislocations disassociate to
( 27)form small tetrahedra of stacking faultv f • The
( * < )
behaviour of silver^ intermediate between that of
copper and gold since both loops and tetrahedra are 
observed. Short rows of loops are also found in 
quenched copper and silver and these have been assoc­
iated with the interaction of helical dislocations.
1o4.5» QUENCHING DEFECTS IN ALUMINIUM ALLOYS.
Quenched supersaturated aluminium alloys have 
been examined in detail^^’^ ,^ ~ ^ ^  • It is found that 
vacancies are generally precipitated as prismatic 
dislocation loops in dilute alloys but form helical 
dislocations in concentrated alloys. Thomas and 
Vnelanw -^ 'have investigated the mode of-formation of 
helical dislocations in quenched alloys. The Burgers 
vector of a helix is parallel to its axis,along a 
<110> direction5suggesting that it has been formed 
by the absorption of vacancies on a screw dislocation
F I G . U .  Illustrating the annihilation of a point
defect P,at a screw dislocation AB to form a
helical dislocation. It is possible that in pract-
( 24*44)ice P $represents several point defects. * '
A' - b - A
O%
(C)
FIG.1.5. (a). The edge segment at A and B can glide 
to A* & B* ,the long length of the connecting disloc­
ations are nearly in screw orientation and can climb 
into helices of opposite hand (b),- (c) Showing a row 
of prismatic loops produced by interaction of two 
opposite hand helices.
FIG.1.6. Illustrating a prismatic loop acting as a Frank- 
Reed source ,b is the Burgers vector of the dislocation^1^
o
o
“  3 2  I
FIGJ.7. From Westmacott et al*s^1®^electron micrograph. 
Showing the operation of a Frank-Reed source to produce 
large loops 1,2 and 3 which have subsequently transfered 
to helices. The screw portion of the helical dislocation 
appear to have t o m  away from the edge portion leaving a 
row of dislocation loops. The large loops do not lie in 
the plane of the foil and loops 2 and 3 have been truncated 
during the preparation of specimen.
V
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in the manner envisaged by Seitz and by Co ttrellFig. 
1.4). A helix is,in fact,equilibrium form of any dislo­
cation pinned at two points and subjected to-a chemical 
stress by a supersaturation of vacancies^^. As 
predicted the pitch of the helix is generally equal to 
the radius* Thomas and Whelan suggested two mechanisms 
to account for the large number of screw dislocations.
A prismatic loop nay elongate along its glide cylinder 
(Tig. 1.5a) to produce two long dislocations of almost 
pure screw orientation which then become closely spaced 
helices of opposite hand. This feature is frequnhtjy 
observed in the micrographs (Tig. 1.5b) and if the two 
helices interact,the screw dislocations annihilate 
and a row of prismatic loops remain (Tig. 1.5c).
Screw dislocations may also be produced during
quenching by a prismatic dislocation looj^ siting as a
Trank-Read source (jiig.16). The dislocation loops emitted
( t t )would normally be circular but Thomas and Whelan
suggest that they become elongated in a direction
parallel to the Burgers vector since the screw portions
of the loop are immobilized by the absorption of
vacancies,while the edge portions can continue to glide
conservatively while climbing. Direct evidence^^of
prismatic loop sources is shown in Tig.1.7« where the
larger dislocation loops from the source have-been
truncated by the preparation of the thin foil. It
appears that the screw dislocations have torn free
from the helices leaving a row of prismatic loops*
This figure also suggests an alternative mechanism
for the formation of the row of loops in Tig.1.5c and
explains the occasional observation of-irregular bands
( xx)
of prismatic loops on 111 planesw  ^ * It appears that 
some helices are formed during slow quenches and that
-36-
the stresses are sufficient to tear away the screw 
dislocation from the edge portions to leave prismatic 
loopso
Helical dislocations are also found in quenched 
Al-Ag*-55’58’39!  Al-Si ^ , Al-zh59\and Al-Mg^45’46) 
alloys. Although the change from loops to helices is 
affected by the homogenization temperature and quenching 
rate,but it takes place at the approximate'Composition
0.9% Cu, 1.3% Ag, 8% Mg, >15% z h 59tand 1.2% s f 45!  
Thomd^4'suggests that the addition of solute atoms 
to aluminium may reduce the effective vacancy super­
saturation after quenching below that necessary for 
prismatic dislocation loops to be nucleated. The excess 
vacancies can then only migrate to dislocations and form 
helices. More vacancies are gradually released during 
G.P.zone formation but the supersaturation is still 
insufficient to nucleate dislocation loops-and,hence, 
a steady growth of the helices is observed.
(ZLZ)
Vestmacott et alv have investigated the 
effect of quenching an Al - 1.2% Si alloy from 550°C 
into water baths at various temperatures. The results 
(Table 1.1) show that no loops are nucleated below 
30°C,but above this temperature the number of loops is 
effectively constant while their average diameter , 
and hence the measured vacancy concentration,increases 
with increasing bath temperature. If one of the alloys 
is subsequently heated at 150°C .black dots are 
observed on the micrograph which are probably small 
dislocation loops. These results suggest that the number 
of dislocation loops is limited by the difficulty of 
nucleation in a supersaturated matrix where the 
vacancies are bound to solute atoms,while the size of 
the loops is limited by the rate of vacancy migration
which is also a function of the solute atom -vacancy 
binding energy. For this reason it is difficult to 
separate nucleation and migration effects. Westmacottv 
have shorn that for aluminium alloys of equivalent 
atomic compositions under identical quenching conditions, 
the size of the dislocation loops decreases in the 
order pure Al, Al-Zn,Al-Cu,Al-Ag,Al-Mg and Al-Si. They 
suggest that this result can be interpreted as indic­
ating increasing ease of nucleation of dislocation 
loops or decreasing mobility of vacancy solute atom 
pairs,and hence increasing binding energy in the order 
Zn,Cu5Ag,Mg,Siw ^y „ If the later hypothesis is true, 
it should be instructive to compare the relation of this 
order with solute diffusion coefficients in aluminium, 
since Loner ^ 56 Aas shown that in dilute alloys the 
principal effect of strong binding is to increo.se the 
exponential tern in the diffusion coefficient from 
exp( -E^/KT) for self diffusion to exp( ~(E^ -Eg>) /KT) 
for solute diffusion where Eg is the binding energy*
The result of this comparison is shown in Table 1.2.
The so3.ute diffusion coefficients,taken from Clare^Z|*^,
vary with alloy composition. The result of Mehl^^^
( 151)et al and Bucklev  ^yare probably most accurate since 
they investigate a range of alloy compositions and the 
figures quoted above are extrapolated values for QP/o 
solute. The order of E^ deduced by Westmacott et a l ^ ^  
is in fair agreement with the solute diffusion 
coefficients although the position of Zn appears to be 
anomalous. Table 1.2 also shows the atomic composition 
where helices are first detected after quenching. This 
has also been related to Eg^^and the-critical compo­
sition should be least for greatest Eg. The order bears 
little relation to the result of Westmacott et al or 
the solute diffusion coefficient and other factors,
TABLE1.1
Quen.Bath
Temp.°C
No.loops/ 
cm^(x10~^)
Averageo
Diam. A
V.Concent. 
x10~^ /cm^
100 3.0 900 7
90 3.2 500 3
80 3.6 500 3
70 3.0 300 1
60 4*0 400 2
50 3.6 250 0.7
40 5.4 250 1.2
35, 2.4 100 0.1
30 0 0 0
20 0 0 0
Showing the effect of quenching hath temperature 
on the measured vacancy concentration in Al-Si^^.
TA&LE1.2
Solute in 
order of 
increasing 
Eg(westmac^
Solute diffusion coefficients 
at 500°C 10“^^cm^ /sec.
Atomic comps, 
where helices 
are formed w .
Mehl^°) Buckle^151 Beerw.^^
Zn 20 - 20 >13
Cu - 6-VV; 4 4 0.9
Ag 18 - 7 1.3
Mg 12 30 14
Si .. 25 20 10 1.2
500 TIME MIN
^IG.I.S. Illustrating the percentage change in resistivity 
when a quenched Al-1.9% Cu is aged at 20 °C.
(after De Sorbo et al •
such as homogenization temperature,have a considerable
(8)effect on helix formation .
It is surprising that helix formation is not 
observed in pure aluminium,since the dislocations do 
act as sinks for vacancies. The density of screw dislo­
cations after quenching is much less than in Al alloys 
so the number of helices is limited,and it is also 
possible that a helical dislocation is not stable in a 
thin foil u n l e s s it is locked by an atmosphere of solute 
atons^^ •
Frank sessile dislocations are sometimes observed
in quenched Al a l l o y s ^ ^ . Nicholson and Nutting^^
suggested that this was due to a local lowering of the .
stacking fault energy of aluminium by the segregation
of solute atoms. Recently these dislocations have also
( a ?)
been observed in very pure aluminium^ ' ,therefore it 
appears that irregularities caused by solute atoms may 
be necessary to nucleate the partial dislocation which 
converts the Frank sessile to prismatic dislocation*
The occurance of these defects is clearly not yet under­
stood.
( a )
Kelly and Nicholson^ -'conclude that the defect 
structure of a quenched dilute supersaturated alloy is 
generally similar to that of the pure metal,although 
the number of excess vacancies is higher due to the 
lowering of by an amount equal to the binding 
energy between a vacancy and a solute atom. In concen­
trated supersaturated alloys,nucleation of defects is 
difficult and more vacancies migrate to dislocations, 
grain boundaries and surfaces. Helical dislocations 
are observed in other quenched supersaturated alloys.
The defect structure of a quenched alloy is strongly 
dependent on homogenization temperature,quenching rate,
-41-
quenching bath temperature and alloy content.
1.5. KINETICS OP CLUSTEEING
1.5.1. INTRODUCTION.
It was Jagodzinski and Laves^4^who first pointed 
out that Guiniers structural model of G.P.zones in 
Al-Cu necessitated a diffusion coefficient which was at
7
least 10( times greater than normal coefficient obtained 
by extrapolating of high-temperature measurements. They 
suggested that Guinierfe model was incorrect but it has 
since been amply confirmed,and it is noxv accepted that 
the solute diffusion coefficient is anomalously high 
in quenched dilute alloys. There have been two basic 
attempts to explain this effect. In one it is proposed 
that diffusion takes place along dislocation lines and 
in the other the effect is attributed to a non-equil­
ibrium concentration of vacancies.
1.5.2. DISLOCATION THEORY OF CLUSTERING.
The dislocation mechanism was devised by 
Turnbull^^-^who assumed that diffusion along a dislo­
cation line was more rapid than ordinary lattice diffusion 
and was governed by a lower activation energy. However, 
stationary dislocations can have little effect on the 
rate of zone formation^because so few atoms in crystal 
are near a dislocation. Therefore he proposed that the 
dislocations moved during ageing and consequently swept 
through a large volume of crystal. The dislocation mech­
anism is thus able to give reasonable explanation of the 
absolute value of the anomalous diffusion coefficient, 
but it is difficult to show why the coefficient should 
be so sensitive to quenching rate,homogenization temper­
ature , reversion and step-quenching.
1,5>5o EXCESS VACANCY THEORY OF CLUSTERING,
The excess vacancv theory is generally attributed
to Zener^^and Seitz^^'but it is Federighi^^^ ,and
C55')De Sorbo,Treafits and Turnbullwho have developed the 
theory until it can explain most of the experinental 
facts concerning the kinetics of clustering.
The diffusion coefficient of Cu in Al is given
by^8); . . . .
DCu = A exp L-(E£+En)/KT^ . . • . . (1*5»)
where E- and E are the activation energies for thef EL °
formation and the notion of vacancies respectively and-
A is a constant. At 209G assuming that E^ + E = 1.4e.v.^\ 
—24- 2 nabout 10 cm /sec. It is only possible to estimate
the experimental diffusion coefficient since the size
and spacing of the initial clusters are not accurately
(55) -16known. De Sorbo et alw ^has calculated D« about 10p CmJL
cm /sec by assuming that the copper atoms move three or 
four atom diameters during clustering. However,the 
important point is that the vacancy concentration is 
that in equilibrium at the homogenization temperature (Tg) 
rather than at room temperature (T^). Thus:• -
Dqu = A exp(- E^/KT^) exp(- E^/KTg) ._. (1.6.)
Assuming T^ = 20°C, Tg = 550°C, = 0.76e.v. and
Eq = 0.58e.v.^\ The value of DGu is about 5 x 10”^  
o
cm /sec which is in good agreement with the value 
estimated by experimental data.
If the quench is slow,some vacancies have time 
to migrate to sinks during quenching and the retained 
vacancy concentration will not be that associated with 
Tg (homogenization temperature) ,but with some loiter 
temperatures. Equation (1.6) predicts that the clustering
process should he governed by the activation energy E^
for the migration of vacancies. Measured activation 
( 8)energies^ 'are generally slightly less than En for pure 
Al and this effect can be explained in terms of a binding 
energy between vacancies and solute atoms
The excess vacancy theory fully explains the 
observed rate of clustering and the measured activation 
energy. The theory predicts that the rate, of clustering 
should fall while the vacancy concentration decreases 
from expC-E^/KTg) to expC-E^/KT^) ,the equilibrium value,
as the excess; vacancies are annihilated at surfaces, 
grain boundaries and other sinks. Equilibrium is reached(c:n\
in pure aluminiumw '' after about half an hour at room
temperature,but the diffusion coefficient does not 
-24-decrease to 10 at this time. In fact,the coefficient
•~1R 2decreases to about 10“ cm /sec in a short time,but 
then remains near this value over a period of months at 
room t e m p e r a t u r e • Thus, clustering is occuring 
very much faster than expected over a long period and 
it is this effect xtfhich is responsible for the'form­
ation of the clusters which have been called G.P.zones. 
The prolonged-precipitation reaction is called "slow 
reaction"(58) # j_s ^est observed in Al-Cu (Pig. 1.8)
and Al-Mg-Si alloys'
Two theories have been suggested by Hart^^and 
by T u r n b u l l ,to explain why the vacancy concentration 
remains well above the equilibrium value for a long 
time when there are many vacancy sinks available, such 
as dislocation loops(the diffusion along dislocations for 
the-reason already discussed is ruled out,see section 
1.5*2.). Hart suggested that clusters and zones trap 
vacancies due to a binding energy between vacancies and
-44-
solute atoms,while Turnbull suggested that the slow 
reaction is due to presence of very small vacancy defects 
such as dislocation rings or voids.
However,there is so little experimental data on 
the slow reaction that no quantative test can be made 
for either of the above models. It is certain that in 
aluminium alloys aged for a short time at low temperat­
ures, a non-equilibrium concentration of vacancies is 
present either as small voids in matrix or as clusters 
associated with zones. This has important consequences 
in the deformation of these alloys since the vacancies 
can be redistributed in the alloy during dislocation 
movement and may cause ageing during deformation.
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1.6.. THE STRUCTURAL AGEING CHARACTERISTICS OF SOME 
ALUMINIUM ALLOYS.
1.6*1. INTRODUCTION.
There is little doubt that structure plays an* 
important role in the mechanical behaviour of solids.
It depends first of all on chemical composition and 
then on mechanical as well as thermal processing. Such 
processing steps influence the mechanical properties 
by their effect on grain size,concentration gradients, 
inclusions,voids,meta^stable phases and lattice imperf­
ections of different kinds.
There are three important general methods by which
the resistance to plastic deformation of a metal crystal
may be increased,mainly by cold working,by solid solution
strengthening and by precipitation hardening,and many
modern high stregth alloys depend on the use of one
or more of these effects. The first two of these methods
have been known from ancient times,but the later technique
(o')
sprang from Alfred Vilmfsv Jobservations and experiments 
during the years 1906-1909 in Germany. Wilm was searching 
for an aluminium alloy which could be hardened by quen­
ching from an elevated temperature in a similar manner 
to steel. In one alloy,known later as ”duraluminn, 
which contained 4-% copper,0.5% magnesium and a small 
amount of manganese,it was accidently discovered that - 
the hardness, of the quenched alloy increased with time.
The fundamental reasons for the age-hardening 
of duralumin remained unknown to Wilmi,but the epoch- 
making paper of Merica,Waltenburg and Scott^  ^' in 
1919 demonstrated the decreasing solid solubility of- 
copper in aluminium with decreasing temperature (Pig. 
1.9a). These workers proposed that age-hardening arises
—4-6—
due to this effect. At high temperature the alloy will 
exist as a homogeneous solid solution,but if after such 
"solution treatment" the alloy is then rapidly cooled 
to room temperature by quenching into water or other 
fluid,the separation of Q -phase (of approximate compo­
sition CuAlg) is suppressed, and an unstable supersatur­
ated solid solution is produced. Merica suggested that 
hardening resulted from precipitation of the second phase 
taking place when the quenched alloy is "aged" for a 
sufficient tine,and that the precipitate was in the 
form of a fine "subnicroscopic dispersion". Since that 
date the search for new age hardening alloys became 
susceptible to a scientific approach.
The main requirements for strengthening were
('ISP')first clearly stated by Jeffries and Archer^  ^'in their 
classic paper of 1921. They considered not only Merica1s 
results with duralumin,but a wide range of dispersion- 
hardened structures such as cenentite in steel and 
cuprous oxide in copper. They proposed that strength­
ening is obtained by "slip interference" within the 
grains due to the "keying effect" of dispersed hard 
particles,and that the effect increases with the fine­
ness of the subdivision of the hard constituent (for 
a given amount of the phase),and reaches a maximum at 
an average particle size denoted by the term "critical 
dispersion". With a given amount of precipitate,larger 
particles would have less - strengthening effect because 
there would be fewer keys.
However,it is now well established that the first 
step in precipitation at room temperature is the form­
ation of some transition structures., Farther ageing at 
rather higher temperatures often results in resolution 
of such zones and the formation of other intermediate
-47-
precipitates. The equilibrium precipitate only forms 
when the alloy is fully over-aged. It is also further 
known that the solution heat treatment temperature and 
ageing temperature have marked effects on the structures 
and kinetics of ageing.
Thus,while direct precipitation of intermediate 
precipitates or even the equilibrium precipitate 
after quenching is possible at high ageing temperatures, 
low ageing temperatures can lead to the transformation 
sequence being arrested at one of the intermediate stages.
The early concept of "slip interference" due to 
the precipitate particles is today discussed in terms 
of interactions between moving glide dislocations and 
precipitates. The size and shape of the precipitate 
particles,their nature (i.e.whether they are hard or 
soft),and the nature of interface between a precipitate 
and its matrix have a great influence on the mechanical 
properties of the aged alloy,as these factors often 
determine whether or not glide dislocations-moving in 
the matrix can pass through the precipitate.
The criterion for age-hardening of a decreasing
solid solubility of a hard constituent with decreasing
temperature is clearly not a sufficient one,as many
alloys with this property exhibit a disappointing response
to ageing. For example,in many magnesium alloys a hard
phase is thrown out of solution on ageing a quenched
homogeneous alloy at a low temperature,yet there is
little hardening resj>onse • Thus modifications must
(152)be made to the early ideas of Mericav  ^'and to those 
of Jeffries and Archer^-^.
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1.6.2. ALUMINIUM COPPER ALLOY SYSTEM*
Since Alfred Wilm's discovery (1906-1909)9 
aluminium based alloys (and aluminium copper in partic­
ular) have been those most widely studied. The equilib­
rium diagram and a typical Hardness-Ageing time curve 
for aluminium-copper alloys are illustrated in Pig.19a 
and b. The solubility of the compound decreases from 
about 4% (copper) at 500°C.to probably less than 1% 
at room temperature. The alloy is usually solution- 
heat treated oust below the eutectic temperature and- 
then rapidly quenched into water at room temperature. 
Because the structural changes taking place during the 
early stages of ageing are beyond the resolution of the 
optical microscope,little progress was made in under­
standing the process until sophisticated X-ray diffraction
techniques were applied independently by Guinier^ and
( 8 )Preston ^ 'in the late 1930's,and more direct evidence 
of the changes occuring did not emerge until the applic­
ation of the electron microscope to the problem in the 
1930's.
Extensive X-ray diffraction studies of this alloy
( z 61-65)system have been madew * ^'and the following sequence 
of precipitation has been deduced:
G.P.zones _ _ 9" ___  ©' ___  9 (CuAl^O
where G,P.zones are copper segregates,and ©" and 9f 
intermediate precipitates which have a {100} ppt// ^100} 
matrix relationship.
G.P.zones(or G.P.1.zones) were first discovered 
by Guinier and Preston and it is named after them. The 
phase 0" was first‘detected by G u i n i e r I t  was subs­
equently named G.P.2 zone by Silcock et al^^,but 
Nicholson et al^^has suggested that the symbol 9”
s.s ■*
m e
Cu  %
140
12.0
too
SO
60
40
7f 2
( b )
FI6.1.9. Illustrating the aluminium rich comer of 
Al-Cu equilibrium phase diagram (a), (b) Showing the 
variation of hardness with time for various Al-Cu 
alloys aged at 130°C.
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should be accepted,since the phase has a definite crystal 
structure - and is not a simple perturbation of the matrix 
structure. In this thesis G.P.1 zone would be refered to 
as G.P.zone and G.P.2 zone as 9M phase.
Many workers^7-7^)attempted to correlate this 
sequence with the structures observed in electron micro­
scope using the oxide replica technique. (This technique 
was,however,unable to resolve G.P.zones and 0n precip­
itates.
(7)Nicholson and Nuttingv ' 'used the thin foil method 
to study the structure of A1 - 1.7%-Gu alloys aged at 
low temperatures, fhey resolved G.P.zones and @",and 
suggested that the apparent width of the zones is 5-61 
and their diameter is about 801,which is in good agree­
ment with the X-ray results of Guinier^^ ’^ ^and Gerold^^^. 
It was not possible to calculate the exact composition 
of the zones due to uncertainties involving the measure­
ment of the foil thickness,the amount of copper remain­
ing in solid solution and the relation between the real 
and the measured thicknessE. of the zones. Using approxim­
ate values,they suggested that the composition of the 
zones was about 90% copper and also the density of the 
zones is 10^- 10^/crr% The electron diffraction* 
patterns taken from specimens aged to produce G.P.zones, 
show strong streaks in-the <100> directions (foil orien­
tation (001) Castaing obtained the same results
and he pointed out that the intensity distribution along 
the streaks was nearly uniform and differed markedly
from the-intensity distribution found in X-ray diffraction
(nX\
patterns. Silcock^(^ 'has suggested that this disagree*- 
ment is due to the occurence of double diffraction in 
electron case ;Ifig.1.10)•
I
1
FIG.1.10 .Showing an explanation of the difference in the 
intensities of streaks in X-ray and elec*diff,patterns 
from Al-Cu alloys containing G.P.zones.(a) Showing the 
X-ray intensity and (b) the double diffraction by the 
(200)spot (full line)*
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a®b=4*04A, c 
A1 matrix 
a=b=c=4*04A
7*9 A
Illustrating the distortion of matrix: planes 
near a coherent 0” precipitate* The diagram is not to 
scale ,but the dotted line indicates the approximate 
extent of the strain field* (from Nicholson^^) •
The 0" plates are about 20 A in thickness and
400 A in diameter,and it is noticeable that there are
dark regions adjacent to some of the precipitates in
( 7 )micrographs. Nicholson and Nuttingv''showed that these 
were due to diffraction contrast produced by elastic 
strains in the matrix. X-ray diffraction has shown that 
the 9" is formed from the supersaturated matrix with 
a slight contraction in the c-direction perpendicular 
to precipitate plane (Cg// =7*7A, 2^^= 8,08A)^^# If 
the 9" precipitate remains coherent with the matrix 
the surrounding lattice must be deforned^’^ Pig.Cl.H). 
No strain fields have been observed around 9'^^but 
there is some metaliographic evidence for the existence 
of structural dislocations around the precipitates. The 
metallography of the change from 9" to 9* and the homo­
geneous nucleation of 91 at high ageing temperatures 
have not yet been studied in detail.
('74')
Thomas and Nuttingv( 'have shown that the distr­
ibution of 9* precipitate and helical dislocations 
In the'squenchcd alloy , is ^consistent with the theory that 
helical dislocations act as preferential nucleation sites
for 91 precipitates* A careful study of these micro-
(69 75')graphs confirms earlier suggestions that v '’'^'only 
certain 91 orientations are present in each array of 
precipitates. A dislocation of Burgers vector a/2 
relieves the elastic strain near precipitates whose 
misfit vectors are'm£100) and 0^10) in the (1001 and C0^0"3 
directions but not (001) orientation. Heterogeneous 
nucleation of 0* accounts for an appreciable fraction 
of the total Q1 precipitation since large precipitate 
grow from each helix.
Other dislocation arrays can also act as prefer­
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ential nucleation sites for 0* *■ Silcock^^^has shown 
that careful plastic defornation of single crystals 
leads to the fornation of 9f precipitates in certain 
orientations which are related to the Burgers vectors 
of the glide dislocations in the manner described above* 
It is probable that 0* precipitates preferentially 
precipitate on prismatic dislocation loops in dilute 
Al-Cu alloys*
Heterogeneous nucleation of the equilibrium 
precipitate 0 occurs at grain boundaries in Al-Cu alloys 
If the alloy is heavily overaged the 0 precipitate - 
drains solute from nearby regions and a narrow (^-0.25p) 
precipitate-free region is formed* After short ageing 
time there is some evidence that ©! nucleates prefer­
entially in the regions adjacent to grain boundaries, 
but at peak hardness this heterogeneity is less apparent 
due to heavy precipitation inside the grains3
(68)3
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1.6,3* ALUMINIUM - COPPER - MAGNESIUM ALLOYS*
Although alloys based on the aluminium-zinc- 
nagnesiun systen show a greater response to age-hard­
ening and develop higher strength properties than those 
of aluminium-copper-magnesium series,the latter alloys 
have returned to proninence as materials for aircraft 
construction. There are several reasons for this trend, 
notably that the Al-Cu-Mg alloys display superior 
strength on long exposure above about 100°C,and have 
found special application for aircraft designed to fly 
at speeds at’which aerodynamic heating to 100-130°C 
nay be expected. Two commercial materials used for this 
purpose are*the the-American alloy 2024- (nominal compo­
sition Al-4.4-%Cu- 0,7%Mn) and the alloy commonly
known as RR58 (Al-2.2%Cu- 1.5%Mg- 1 %Fe- 1%M).
Phase boundaries proposed for the aluminium-
rich corner of the Al-Cu-Mg system at 500°C and 190°C
are shown in Fig.(1.12). The 500°C isothermal represents
( 77)equilibrium conditions and was derived by Hardyv ' ( 'from 
work of Little et al^^\ The phase diagram at 190°C 
was proposed by Silcock and Parson^^ond indicates 
phase relationships found after long ageing times. 
Although it does not represent equilibrium,it has-sign­
ificance in relation to the current investigation. A 
feature of the diagram is the wide distribution of 
the S phase and the fact that the position of the (a + S) 
(a + S + T)boundary is-closely dependent upon temperature 
in the region of 200°G.
Three; equilibrium precipitates are significant:
(i) 0 (CuAlp) which also occurs in the binary2 ( 8 8 )Al-Cu system and has a tetragonal structure
(ii)S (AlgCuH Nrhich has an orthorhombic 
structure •
OC+S-fT
^ >Aj Weight % ^  ^
FIG.1.12 •Illustrating phases present in Al-Cu-Mg 
system after long term ageing at 190°C. ("based on 
work "by Silcock and Parsons ^ * ^  ).
—  Phase boundaries at 500°C, — - a t  190°C, xxx at
precipitate planes
growth direction
composite plane
F1G.113. The formation of a composite precipitate 
sheet on a (110) plane "by the growth of precipitate 
lath on (120) and (210) planes in the [0013 direction.
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(iii) T(AlgCuMg^),which is isonorphous with the
phase (Al9Zn),lQMg7:0 in the Al-Zn-Mg system
'  (79*80' )and has a conplex cubic structurevrys •
1.6c5.1. MECHANISM OF AGEING IN TERNARY Al-Cu-Mg ALLOYS.
The structural changes that nay take place during
ageing of Al-Cu-Mg alloys have been surveyed recently
(ft1 ftp ft>0by several authorsv  ^ . Special attention has been
given to alloys lying within the (a+S) region,in which 
age-hardening•occurs in two stages in the nediun temp­
erature range. The first stage is associated with the 
formation of ordered clusters of copper and magnesium 
atoms which are coherent with the matrix and have been 
designated G.P.B.zones. A second type of zone structure,
S1 (G.P.B. 2 zones)nay also contribute* to hardening above 
190°C^81’82\  The zones re-dissolve during the second 
stage of hardening*-81 A n  which precipitation of S' occurs 
on dislocation lines generated in the -quenching operat­
ion,or by cold work before ageing^8^. Sf is a slightly 
distorted form of equilibrium S and the difference in 
structure is not considered significant^8^’82^. Soften­
ing is caused by disappearance of the zones,growth of 
S1,and its transformation to S^8^,
When the Al-Cu-Mg alloys are richer in copper 
content,so that they lie within (a+©+S) region the 
precipitates formed during ageing are both those found 
in binary Al-Cu and ternary Al-Cu-Mg(a+S)alloys^8^^.
Less is known about the ageing process of magnesium 
rich alloys-in which precipitation of the T phase would 
be expected. Z-ray results have indicated much similar­
ity to the (a+S)alloys,for alloys containing >5% magnes­
ium and aged within the range of 110-190°C. The T phase 
appears to replace G.P.B.zones in the region of peak
h a r d n e s s . Increasing magnesium contents tend to 
reduce the rate of softening on further.ageing in this 
temperature range ^.
1.6.4. Al-Cu-Mg ALLOYS WITH Cu:Mg WEIGHT RATIO 2.2:1.
1.6.4.1. SEQUENCE OF PRECIPITATION.
The-Al-Cu-Mg alloys containing a copper:magnesium
ratio of 2.2:1 occur in the pseudo-binary aluminiun-S
('89')system^ This S phase was shown by Perlitzv "and Westgren 
to have the composition A^CuMg and to be face-centred 
orthohombic (!C! face centred) with a=4.00,b=Q.23 and 
c=7.14A.
The sequence of precipitation in Al~2.5%Cu~1.2%Mg 
alloys is -
Solid Solution __  G.P.B.Zones S* ___ S equil­
ibrium phase.- - - 
The exact shape of G.P.B.zones is not certain,Silcox^^
o
suggests that they are cylindrical510-20A in diameter
o
and 40A long. G.P.B.zones form at early stages of ageing, 
and at rather-high ageing temperatures followed by S* 
precipitation. The zones obtained in this type of alloy 
are different-from those of Al-Cu alloys. Variation in 
the size of G.P.B.zones-does net seem to affect the 
degree of h a r d e n i n g ^ A t  high temperatures (e.g240°C) 
a structure exists which-gives diffraction pattern super­
imposed on the broad G.P.B.spots and appears to be related 
to G.P.B.zones in the same way that 9M is related to G.P. 
zones in the Al-Cu binary alloys. This structure is called 
G.P.B.2,or S". The diffraction pattern taken from the 
zones shows that streaks lie along <001> direction, 
suggesting that G.P.B.zones are lying along <001> direct­
ion of aluminium matrix.
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(90)Wilson and Partridgew  'found several dislocat­
ion loops and helices after cold water quenching Al- 
2.5Cu-1.2Mg alloy. A slower quench or a short ageing 
treatment at-elevated temperature resulted in the growth 
of the loops. The formation of loops by climb of disloc-
('4-5')
ation has been discussed by Embury and ITicholson^  ^'who 
showed that they lay on [110) planes with a/2<110>type 
Burgers vector. On further ageing at about 190°C small 
rod shaped S1 precipitates were nucleated on the loops 
and helices^^5 Wilson and Partridge showed that 
they lay in the plane of the loops and in a <100> direction 
and widen to form laths in 210 planes having common 
zone direction <100>,Fig.(1.13). S' is coherent with 
the matrix on (210^ planes. Hardness reaches a maximum 
value when about 25% of-the S' phase has formed and a 
large proportion of G.P.B.zone still exists,. Overageing 
occurs by the further formation and growth-of S1 plate­
lets with a corresponding re-solution of G.P.B.zones.
1.6.4-.2. FACTORS AFFECTING THE GROWTH OP S' LATHS.
The nucleation in a netastable matrix of a prec­
ipitate depends upon three energy changes. The volume 
free energy change AF  ^ ,the strain energy change 
AF^.^ ^ ,produced in the lattice by the precipitate and 
the increase in interfacial energy A3?surpace?clu.e to 
formation of the new precipitate matrix interface,
i.e. the energy change becomes
AF = AF + AF , + AF . (92) (1.9)volume surface strain v fJ
The precipitate will only grow if the release of volume
free energy is sufficient to provide the necessary
surface and strains energy,which leads to a require-*
ment that the nucleus is above the critical size^^.
TA B LE1.3 ..
Interplanar sj
o
pacing (A) Misfit % rel.to A1 
6 =(ndA1-ds , /nd^) 
x 100A1 S'
X-ray data
S'
ELec.diff.
d100 0  ^
d021 “0*906 
d0^2 *=0.906
a « 4.00 
b -  9.23 
c a 7*14
a ® 4.04 
b ■ 9*25 
c » 7*18
(n =1) + 1.23* 
(n =10) -  1.88 
(n =8) + 1.49
* +Ve indicates compressive stress in A1 matrix 
-Ve indicates tensile stress in A1 matrix
PABLE1.4
Direction in S'
Periodicity p =No*of 
A1 planes:1 plane of 
S'
a 0.99
b 10.2
c - 7.9
' ' ■ ■ ■ 7
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When dislocations are present in the natrix their elastic 
strain accommodates some,or all,the strain energy of the 
precipitate and-resistance to growth of the precipitate 
is thus lowered.
The elastic strains caused by the growing prec­
ipitate result from the misfit of the precipitate and 
natrix lattices. The crystallographic data for the S1 
phase was first obtained using X-ray diffraction tech- 
niquesv ^and their values agree well with those obtained 
by Weatherly and Nicholson^^ from transmission electron 
diffraction patterns. From the comparison of these data 
with the spacing of the corresponding aluminium planes 
a misfit value 6 for the-S' phase in the aluminium 
matrix may be calculated.
The values using the X-ray data-are shown 
relative to the aluminium in Table 1.5. The apparent 
similarity between the lattice misfit in the a and c 
axes of the precipitate suggests similar compressive 
stresses in the natrix in these directions,and althou­
gh the misfit values obtained in this way give an 
indication of the strain energy resulting from the 
formation of the precipitate they do not clearly
indicate the relative interfacial energies of the prec-
f ozl')
ipitate faces which control the precipitate shapew  . 
This is best studied by comparing the number of alum­
inium lattice planes corresponding to one lattice spacing 
of the S1 precipitate,i.e.the matching periodicity p.
The periodicity values along the a,b and c axes 
of the Sf precipitate are shown in Table 1.4. While 
coherency is possible along the a axis,the periodicity 
of matching p.along the b-and c axes is large and no 
easy matching is possible. Therefore,the low misfit
T A B L E  1,5
Apparent Composite 
Sheet Plane
l i t  ^  ^  ' • W
(210) Planes • 
Selected
Angle Between 210 
Planes Selected
(010)
(^20) (120) 53° 8'
—
(210) (210) 126°.52*
(110) (210) (120) 36° 52'
(130)
(^20) (25TO) 14-3° S ?
(210) (’rao) 90°
o i o 010
£10
FIG.1.15. Stereographic projection showing 
possible {210} precipitate planes containing 
the [001] growth direction• Also shown are 
possible composite (010),(110) and {130} 
precipitate sheets they may form (see also 
Table 1*5)*
values 6 along the c-axis as shown in Table I.J is nis- 
leading^^^ •
The interfacial energy would be ejected to 
increase as the periodicity increases above unity and 
these periodicities therefore permit the relative 
interfacial energies of the faces of the S1 lath to be 
compared. The S1 precipitate is drawn schematically in 
Pig.(1.14)and as would be expected from the above relation 
ship,the S' phase grows preferentially along the a- 
direction,the-direction with a periodicity of matching 
nearest unity. The interfacial energy of plane B is 
proportional to the periodicity along the a- and c- 
axes,and since these are the directions of best match­
ing this plane will have the minimum interfacial energy 
and therefore will be the predominant plane of the prec­
ipitate. Similarly,the A plane will have the highest 
interfacial energy due to poor matching in both the 
b- and c- directions and will be relatively small in 
area. The observed morphology is therefore consistent 
with the relative interfacial energies of its faces 
deduced from a consideration of the periodicities of 
matching of precipitate and matrix planes at the prec­
ipitate faces.
1.6.4.3. THE POHELATION OP CORRUGATED PRECIPITATE SHEETS.
Where a dislocation loop lies in a (HO)plane with 
a/2 [110} Burgers vector,a composite sheet of Sf precip­
itates may grow by the formation of laths on only two 
{210}(90,91^planes as illustrated in Pig.(1.13)* Prom 
the stereographic projection,Pig.(1.13) it can be seen 
that either of two *pairs of {210} planes would satisfy 
this condition,i.e. (210)and (120) or (2^0) or (^20).
Which of these two-pairs is used is determined by two
J3'_
_ftk_ lbCo'°3J'^02-°^
Si 
• •
<
c>
a (jOOlsWtA00^ 1*
FIG.1.14. The periodicity of A1 and S' planes at the
tt
(1 2 0 ) ^ 4  (2,0)
surface of an S*• 
+b
FIG .1.16. Possible models for the relief of coherency 
strains at the precipitate/matrix interface by form­
ation of vacancy type dislocation loops (a) where b- 
axis of both J210}laths are approximately normal to 
the sheet and (b) where the b- and c axes alternate 
along the sheet*
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factors, (a) the misfit vector of the precipitate and its 
relationship with the Burgers vector of the-dislocation, 
and (h) the line tension of the dislocation.
The nisfit vector of a precipitate - and its 
importance was discussed in Section 1.3*2. Recently,it 
has been calculated for the S' precipitate in an Al-2.7% 
Cu-1.35%Mg alloy by Weatherly and Richolson^^ • The 
misfit 6 of the S* precipitate and the principal direct­
ions have been calculated from the X-ray results-of 
Perlitz and Westgren^^and are shown in Table 1.3. It 
can be seen that the misfit vector occurs in the b- 
direction of the Sf precipitate producing a tensile 
strain upon aluminium natrix.
Since maximum relief of the misfit strains occurs 
when the Burgers vector of the dislocation and the 
misfit vector are parallel,the precipitate planes 
most satisfying this condition will be employed. Thus, 
the (210) and (120) would be used;not (SlO)and 020) 
planes. This condition is illustrated in Pig.(1.16)a, 
in all the platelets or laths,the c-axos are lying in 
the (210) and (120) planes and the b- axes are normal 
to the platelet and inclined 18-jp from the [1101 direction 
of the Burgers vector of the dislocation. Compressive 
stresses must exist over the platelet surface with 
tensile stresses along the c- axes. The compressive 
stresses could be reduced by vacancy loops lying parallel 
to the precipitate with a dislocation line along the 
precipitate and either alternately above and below the 
precipitate•sheet or all on one surface as shown in 
Pig.(1.16a).
An alternative precipitate morphology is that 
shown in Pig. (1.16b) in xfhich alternate plates have the
c— and b~axes lying in the (210) and (120) planes: the 
tensile and conpressive conponents in these planes 
would then tend to relieve each other over the sheet, 
and alternative lath would exert tensile and conpressive 
stresses nornal to the sheet surface. The latter 
stresses could he relieved, by vacancy loops above and 
below those laths exerting conpressive stresses on the 
natrix,as shown in Fig.(1.16b)•
Although the second precipitate arrangenent 
cannot be ruled out,the only evidence so far obtained 
favours the arrangenent shown in Fig.(1.16a),and this 
configuration conforns to the general rule that the 
nisfit vector prefers to lie parallel to the Burgers 
vector of the dislocation.
(90)Wilson and Partridge^ y 'suggest that the line 
tension of the dislocation would also infliience the 
selection of {210}planes since the nucleation and growth 
of precipitates on {210} planes at a dislocation loop 
nust displace the loop fron its {110} plane and 
increase its length. The dislocation would prefer to 
be of minimum lengths due to its line tension,and so 
the precipitate orientation lying close to {110} would 
be chosen,!.e.again planes (210) and (120) would be 
chosen for a dislocation-loop on a (110) plane and of 
a/2 <110> Burgers vector.
1.6.4-.4-. EFFECT OP IRON.NICKEL AMD COBALT ADDITIONS.
H.N.Wilson and P.J.E.Forsyth^^’^ ^have studied 
the effect of a.dding 1% nickel and 1 % iron (weight per­
cent) to an age-hardening aluminium- 2.5% copper- 1.2% 
nagnesiun by transmission electron microscopy,electron 
probe microanalysis,and mechanical testing. Individual 
addition of 1% iron or 1% nickel lowered the room temp-
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erature tensile strength, and hardness 'values of the 
alloy,by combining with some of the copper present to 
form particles that are not soluble at solution treat­
ment temperatures used. The approximate composition-of 
these particles are Al^PeCu and AlCuNi respectively.
The simultaneous addition of nickel and iron 
produced a nickel-iron phase,FeNiAl^,and the properties 
revert to those of the basic alloy,since the amount 
of copper present in the PeNiAl^is much less than in 
particles formed by individual addition of Ni and Fe. 
Particles of FeNiAl^ form mainly at the grain boundaries 
and prevent excessive grain growth during solution 
treatment by pinning the boundaries.
Cobalt has proved to be a useful alternative 
(98^to iron and nickelw  . The highest strength and the 
finest distribution of (FeNiCo^Alg were obtained when 
half the iron and nickel of D.T.D.5070A was replaced 
by about 0.4% cobalt* Some primary Co^Al^ was found at
0.8% cobalt addition. The insoluble phase formed by 
cobalt CogAl^has little-solubility for copper and is 
isomorphous with Al^FeNi. Co241  ^and FeNiAl^ form a 
continuous solid solution with each other but no measure' 
nents of the change in lattice parameters have been 
made,although there is reputed to be an appreciable 
change in position of the diffractions of the monoclinic
(QQ')
structurew  Thus,it is not possible to say whether 
Co^Al^ is likely to be more effective than FeNiAl^* 
Cobalt has one advantage in that the a-Co2Al^ eutectic 
is more dilute in intemetallic compound to that of 
oo-FelTiAl^so that an addition of 1% cobalt,the binary 
Al-Co eutectic composition should provide a more uniform 
distribution of second phase. This will be particularly
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useful if little or no working on the alloy is to be 
carried out.
1 .6.4.5» EFFECT Ok SILVER ADDITION.
Several studies have been nade on the effect of 
0,5% silver addition to the ageing characteristics of 
a range of Al-Cu-Mg a l l o y s •
('QQ)
Vietz and Polnearv'"reported that all silver 
free alloys age hardened in two stages,and silver increa­
sed the hardening associated with one-or both of the 
stages depending upon the Mg:Cu ratio. Silver greatly 
accelerated the onset of the second stage of ageing by
stimulating homogeneous nucleation of a 1- phase struct- 
(86 99}urev- which is very finely dispersed and predominant
in the region of peak hardness. Silver-free alloys at 
equivalent stages of ageing contain G.P*zones,together 
with laths of the phase S (possibly S1)*
1.6.4.6. EFFECT Off-SMALL AMOUNTS OF SILICON AMD ZINC 
ADDITIONS.
Mcore,Wilson and Forsyth^have -studied the 
effect of 0*25% silicon addition to Al-2.5%Cu-1.2%Mg and 
Al-2.5%Cu-1. 2%Mg-1%Fe~1%lFi alloys* Small additions of 
silicon decreased the rate of G.P.B.zone formation and 
modified the size and density of S precipitates^^’^ ’^ ^ .
The effect of silicon can be classified as follows:
(a).The-as quenched defect distribution is modified,
i.e.the number and the size of vacancy loops
-and dislocations helices are reduced.
(b).Silicon decreases the rate of G.P.B.zones,but 
the coherency strain associated with their 
formation'is increased,resuiting in increased 
hardening.
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(c)eThe modification of the as-quenched defect 
distribution-alters the distribution of Sf 
precipitates. While heterogeneous precipit­
ation still occurs,a more uniform precipit­
ation is noted and the density of precipitates 
is increased,suggesting either homogeneous or 
heterogeneous nucleation at sub-microscopic 
•sites.
(d).The nucleation of S1 precipitates is retarded 
and their growth rate is reduced by presence 
of silicon,but their average length after
•long ageing is little affected.
(e).These observations are consistent with a 
lower rate of solute diffusion in the silicon- 
bearing alloys due to the strong binding 
energy between vacancies and silicon atoms.
The addition of zinc and use of higher silicon contents
(98}have provided no lasting improvementv' •
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1.6.5* Al-Cu-Mg WITH COPPER: MAGNESIUM WEIGHT RATIO OP 7:1.
The original study of the ageing characteristics 
of high purity aluminium-copper alloys ,by Silcock,Heal 
and Hardy (1953-4-) , was extended to Al-Cu-Mg alloys
and detailed hardness curves for alloys with the Cu:Mg 
weight ratio of 7:1 or 2.2:1 were published sone years 
ago (1954—5) alloys with a 7:1 ratio and high
supersaturation gave three stage ageing curves at 110 
and 130°C,between 130 and 220°0 two stage ageing curves 
were found. Above 2209C,7:1 alloys gave single stage 
ageing curves,while 2.2:1 required higher temperatures 
to produce the sane effect.
1.6.5*1.RELATION BETWEEN TEE DIFFRACTION PATTERNS AND 
THE HARDNESS CURVES.
The alloys Al-Cu-Mg with Cu:Mg weight ratio of 
7:1 show a mixture of-the patterns obtained in the binary 
Al-Cu alloys (i.e.G.E.zone ©”,and 0* structures)and those 
found in pseudo-binary Al-S alloys^^1,86)^ charact­
eristics of the diffraction patterns are unaltered, 
except that 0X frequently gives broad spots,i.e. the 01 
platelets are often thinner (and probably * smaller) than 
in the binary Al-Cu alloys and the Sn(G.P.B. [23 )structure 
gives sharper spots than in the Al-S alloys^ \  v  ^ :
At ,30°C ageing temperature G.P.(1) zones and G.P.B. 
zones are present after a few minutes ageing. The streaks 
belonging to G*P*zones increase in intensity‘fairly rapidly 
while those of G.P.B.nay-strengthen slightly.At 110°C 
ageing temperature G.P.B. increases fairly rapidly and 
G.P.zones increase by a greater amount.but-more slowlyf 0^1 \
than G.P.B. during the first few hours^ . This gives
two rates of increase in hardness and helps,together
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with the logarithmic time scale,to produce the appearance 
of first and seeond plateau on the hardness curves. At 
165 and 190°C G.P.zones did not form and the increased 
hardness in the first few-minutes of ageing-was due to 
G.P.B.zone formation only. At 165°C 9" (G.P*(2)) forms 
at the start of the rise to peak hardness; and later ©' 
and Sfoccurs Peak hardness is due to 0* platelets and Sf 
phase,both of which are partially c o h e r e n t A t  190°C, 
S’ forms early in the ageing sequence and is present at 
peak hardness-together with 0* platelets which are larger 
than at 165°C. Silcock^®^^observed an extra-phase at 
190°C,which was in the same position as G.P.B.(2) diffra­
ction spots in the Al-S alloys. At 24-0 'and 260°C, 0* and 
Sf form-initially,and well before peak hardness,the 
sharp G.P.B.(2) spots were also detected. All structures 
give fairly sharp reflections and the associated harden­
ing is much lesa than at lower temperatures.
1.6.5.2. COMPARISON WITH Al-Cu ALLOYS.
It is known that the hardness, curves of Al-Cu-Mg 
cannot be obtained by-simple addition of the curves of 
Al-Cu and Al-S alloys. The initial increase in hardness 
in particular is accelerated,and peak hardness:- is also - 
higher than that obtained by addition of binary curves. 
Prom the description-of the structures obtained it can 
be seen that the G.P.zones form earlier in 7:1 alloys 
than in corresponding binary Al-Cu alloys. The curves 
obtained for the polycrystalline binary Al-Cu alloy - 
correspond to ternary specimens very slowly quenched.
In rapidly quenched specimens of Al-Cu it is known that 
the formation of G.P.zones are accelerated,while it 
"* * ” " * ■ ; behave like these
This agrees with
recent evidence that vacancies are retained^^and are 
mobile^ in Al-Mg alloys.
Similarly the formation of ©' is accelerated so 
that at 130°C no ©" (G.P.(2)) remains at peak hardness-f^^ 
Although in binary alloys the peak hardness of 3% ©u 
alloy is attributed to 0” and even the 2%% copper alloy 
at peak hardness contains 0". This accelerated formation 
of ©' could be due in part to the effective removal of 
copper by magnesium,and formation of Al^CuMg, If all the 
Mg precipitated in this form about 2-J% copper would be 
left in solution. Therefore,this is unlikely to be the 
only factor,moreover.in the 7:1 type alloys the 0 * forms 
in smaller platelets^^than in binary alloys. It may 
be that the additional strain of the matrix induced by 
G.P.B.formation accelerates formation of the 0!.
The precipitation of G.P.zones and ©! in the 7:1 
alloys are compareable to that in very rapidly quenched 
crystals of the binary alloys. It appears likely that 
the magnesium in some way retains an excess of mobile 
vacancies,which also move readily,condense to form nuc­
leation sites for 0* precipitates at higher ageing temp­
eratures. The nucleation of ©'may also be accelerated by 
additional strains present in the matrix.
The structures compareable with the pseudo-binary 
Al-S alloys (2.2:1 type) form at very similar times to 
those applying a-S alloys and no additional effect of the 
excess copper present can be seen (except an increase 
in size of S")* At peak hardness:,,at 130-and 160°C diffuse 
streaks join the S' spots,but the G.P.B.spots that do not 
have S spots superimposed upon them are too-weak to be 
seen^®^* It may be that the symbol for G.P.B. should be 
continued to peak hardness in Pig.(l.17)» The persistence.
of Sn(G0P*B.(2)) in the Al-Cu-Mg alloys at high temperatur­
es indicates a greater stability of this structure with 
an increase in the Cu:Mg ratio.
1,6.5*3. EFFECT OF INDIUM ADDITION.
Silcock^^ showed that the addition of 0.05%
indium to A13*5% Cu-0.58% Mg decreases the rate of the
G.P.zones formation,but was not as effective as in-binary
alloys. There did not seem to be any effect on G.P.B.
zones.-In this alloy ,aged at 130°C,about half the quantity
of G.P.zones and about twice the normal quantity of ©!
were present after eleven days,as compared with indium- 
( 81 )free alloysv '. It appears,therefore,that the effect 
of indium on the binary structure is severely limited in 
the presence of this amount of Mg.
1.6..6. ALUMINIUM-MAGHESIUM-SILICOM ALLOYS.
1.6.6.1. INTRODUCTION.
The use of the thin-foil technique for transmission
electron microscopy has already proved a valuable method
for studying the morphology of ageing reactions in light 
(7 101 102)alloysw 9 9 'and is superior to replica methods for
revealing the first stages of decomposition of supersatur­
ated solid solutions i.e.zones. Guinier^^^suggested that 
the shape of zones depends on the relative diameter of
solute and solvent atoms and was able to show by X-ray
(61-63 104)diffraction techniquesv 9 'that spherical zones
exist in alloys of small atom size differences,e.g.Al-Ag9 
Al-Zn and plates in alloys where the-solute atoms are differ 
ent to that of the aluminium atoms,e.g.Al-Cu. Guinier's 
results have been confirmed by electron-microscope studies 
on thin foils^9^ ^  ^Qne f0rm of zone was
reported by Geisler and Hill^^^and Guinier and Lambot^^^^
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using X-ray techniques to study Al-Mg-Si alloys of compos­
itions lying close to Al-Mg^Si section, The workers showed 
by X-ray Laue patterns that zones occured in the form of 
needles when the alloys were aged at temperatures up to 
200°C. Guinier and Lambot proposed that these zones were 
composed of layers of one row of silicon atoms bounded by 
two rows of magnesium atoms. These stringlets (called the 
intermediate "strength" structure by*Geisler and Hill)o o
were 10-20A wide and about 100A long. With prolonged
ageing the needles thickened into rods before transforming
(107)to the plate-like structure of Mg^Si. Casting and GuinierK 
were able to show the rod structures by using oxide-replica 
methods ,but no direct evidence of the needle stage was 
presented,
1.6,6.2, SEQUENCE OF PRECIPITATION.
The aluminium-magnesium-silicon is a pseudo-binary 
alloy system,since the compound 3% 2Si(3) is extremely 
stable. The probable sequence of precipitation is^^:
Needle-shaped zones along <100> ——  needle-shaped 
zones with internal order — - 3* — — 3 (Mg^Si),
The structure of the 3 phase is F.C.C.with lattice para­
meter of 6.39A,
Sauliner and Mirand^^^have obtained some trans­
mission electron micrographs of the Bf precipitate,but the 
most extensive study of this alloy has been made by - 
Thomas^^^and Hildegard cordier,Wolfgang Gruhl^^^,
Thomas has found needle-shaped zones in alloys aged
o
at temperatures <204°C which are about 60 A in diameter,
o
200-1000 A long and density of precipitation is about 
3 x 10^'Vcm^. The needles lie along the <100> matrix 
directions, 3?our years later (1965) von Hildegard Cordier
and Wolfgang G-ruhl are suggesting that the zones are
approximately spherical. However,electron diffraction
patterns of Thomas at this stage show streaks which*
(111)are consistent with the X-ray results of Luttsv . .
After further ageing the diffraction pattern shows an 
F.C.C. superlattice structure which may correspond to 
(3 * phase and the precipitates grow to form rods about
o
1000 A in diameter and ^1p long. The orientation relat­
ionship is: [.1003^ , // (.100 3 matrix, [0113  ^,J[100l matrix^
0
The diffraction patterns corresponding to the rods
were consistent with an F.C.C.lattice in which a=6*42 +
°(10Q 3 ~0.07AV . Since the equilibrium phase MgpSi is f.c0cc
(CaF2 structure) with a=6.3^ A, Thomas suggests that the
rods can be considered as an intermediate B^Si phase which
has structure corresponding to a highly ordered unit cell
of Mg^Si. However,owing to inaccuracies involved in electron
diffraction,this difference in lattice parameter is probably
too small to be conclusive evidence for the existence of
an intermediate phase,but-there is X-ray evidence to support
this possibility^ ^ 9 The formation of MggSi can thus
occur directly from the zones.
1 o 5.6.5. AS Q.UEHGHED COHDITIOHS e
Because of the recent interest developed in the
role of quenched-in vacancies in the formation of zones 
( 5zj. 'i q 2 11-5)in alloys ? ‘ 5 -,and since it is possible to reveal
some of the effects associated with annealed-out vacancies
by examining thin foils in transmission electron microsc- 
(26 39)opy e Close studies have been made of quenched
Al-Mg-Si by transmission electron microscopy^^^and 
(111)X-ray v 71 e chni que s.
A.Lutts^^^studied single crystals of high purity 
aluminium-magnesium-silicon as well as aluminium-magnes- - 
ium-germanium*by a crystal monochromated X-ray technique. 
Diffuse X-ray scattering observed during-the early ageing 
period showed that the needle-shaped G.P.zones are probably 
formed in at least two steps. The initial segregates did 
not seem to possess^  any internal periodicity whatever.
X-ray scattering effects were also observed which seem 
to indicate that these primitive zones possess a high 
vacancy concentration.
The second part of the process was associated 
with the establishment of a linear periodicity along 
the segregate axis which lies parallel to one of the 
matrix cube directions. The periodicity was identical
o
to that .of the matrix -4.04-A -along this direction;
During this stage the vacancy concentration of the prim­
itive zones abruptly decreased.
T h o m a s u s e d  the electron microscopy technique 
and gained similar results to thate of Luttsv J • The 
electron microscope results revealed an as-quenched 
structure similar to that observed in other ternary 
and more complex aluminium alloys^^5^ ’^ ^ • The struct­
ure consists of dislocation loops which vary in size
o
from ^100 to >300A and a high density of incipient dis­
location networks. Since the contrast due to a dislocation
o
gave an apparent width of the order of 100A,it was not 
possible to resolve the true diameter of loops when they
* Although Al-Mg-Si and Al-Mg-Ge systems are other­
wise quite similar9the latter contains a constituent poss­
essing an X-ray scattering factor quite different from-those 
of aluminium and silicon and therefore easier to study.
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appear to be of about 100A diameter or less. However,by 
taking the approximate values he found that the concent­
ration of vacancies which are annealed out to form dis-
—6location loops is about 3 x 10" ,indicating that a large
fraction of vacancies remain in solution. Since quenched
('26 114}experiments on pure aluminium'’ ’ 'have shown that the
-4concentration of vacancies is about 10 and these have
all gone towards the formation of loops^ ,and other
experiments show that the concentration of quenched-in
( -59) /vacancies increases by alloying(e.g.in dilute Al-Cu 
alloy 10“3).
1.6.6.4-. COHERENCY M D  STBAIHS.
In the first stages,i.e.zone formation,the needles
(105)grow along <100> directions. Guinier and Lambotv sugg­
ested that because of the ionic nature of the Mg£Si phase, 
zones formed before precipitation of Mg^Si should consist 
of atom rows along <100>,such that one row of silicon atoms 
is bounded by two rows of magnesium atoms. Considering 
the atomic diameter of Al,Mg and Si as 2.862,3*196 ando
2.351A respectively,the width of a zone is:
(2 x 3«196)+ 2.351 = 8.743A,and would replace three 
rows of aluminium atoms in which the width would beo
(3 x 2.862) = 8.586A. This means that the formation of a 
needle along <100> involves an expansion of about 2%.
The needles are thus in state of cylindrical compression, 
kitting in other possible combinations of Mg:Si ratios, 
it can easily be shown that a ratio of 2Mg:1Si involves 
the least amount of elastic energy. This argument holds 
only if the binding in the zone is metallic,not ionic.
The coherency strains are illustrated schematically in 
Fig.(1.18)^109\
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FIG.1.18 . (a) ,(b) Proposed model for zones^^^
- in Al-Cu-Mg alloys, (c) r(d) The equilibrium 
Mg^Si structure ,the atom movements shown in (a).
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The formation of disc-shaped G-.P.(1) zones in
Al-4%Cu alloys involves elastic strains corresponding
to about a 10% contraction,also along a*<100> direction
normal to the {100} planes of the discs. The strains
have been observed to show up as contrast effects in
thin foils^®\ The fact that no such effects have been
('109')observed,even by careful tilting of the foilsv ,may
indicate that the estimated 2% expansion associated with 
the needles is too low a strain to show up any contrast 
effects in electron micrographs.
In spite of the confusing X-ray re suits Thomas009)
introduces a model to account for the observed change,
needles — * rods plates,and this is illustrated
in Fig.(1.18). In Fig.(1.18a.),representing the zone 
stage,a section is shown containing two (0^1) planes for 
the 2Mg:1Si atom rows in the zone. The open symbols 
represent atoms in the next plane above or below those 
represented by closed symbols. It can-be seen that the most 
likely-growth direction is {100] , i.e. along AA and BB of 
Fig.(1.18b.). Since each {110^ plane contains only one 
<100> direction.only three orientations of zone parallel 
to <100> are possible.This is exactly what is observed 
experimentally. The growth of needles into rods probably 
occurs by the diffusion of solute atom/vacancy groups 
and these would tend to go to the compressive regions of 
the zone (i.e. to AB of Fig.(l»18b)). The growth rate then- 
stops when all the vacancies have been eliminated at sinks.
The micrographs obtained by Thomas^^^Cordier, 
Gruhl^^^ and Pashley^"^ indicate that the stages 
needles —-—  rods — * plates are continuous, so that equil­
ibrium Mg.pSi phase can be formed by only minor atom-move­
ments within the rods,as suggested by Thomas in Fig.(1.18 
c & d). This shows that the final transformation and growth
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can take place only at the expense of dissolution of 
nearby rods. The Mg2>Si phase is-an-ionic structure of 
the Cal?2 type. By comparing Pig.(1.18a & c) it can he 
seen that the ^ 2 ^ 1 structure can be produced by silicon 
atoms in positions 1 moving to 1 * and magnesium atoms in 
positions 2,3 moving to 2,,3I respectively. Alternatively, 
it is only necessary for magnesium atoms at 2 and 3 to 
move to a half way position in £100"} ,thereby dropping 
into position to form the centre of a tetrahedron between 
silicon atoms in the two (07f1)planes. This later mechan­
ism then requires only a small readjustment of silicon - 
atomsc Either process results in a CaE^ -type structure. 
This change then brings the magnesium and silicon rows 
along [100] into equidistant positions with respect to 
each other,Pig.(1.18d). To minimize strain energy,the 
plates will not grow in directions normal to the (0*T1) 
faces,because atoms are more easily attached along ^1001 
and [011]than along [0^1 •
It will be seen from Pig.(1.18) that the-transfor­
mation of zones to Mg2>Si involves a contraction. At first 
sight this seems to be a real difficu3-ty,because the 110 
planes of the zones are already close-packed. However,if 
it is assumed that the binding between atoms in the zones 
and rods are metallic,then the number of nearest neighbours 
remain at 12 as in the surrounding matrix:, where as in the 
ionic structure of Mg2Si,the magnesium atoms have only 4- 
nearest neighbours,and silicon 8. Furthermore,since magne­
sium atoms have a much smaller diameter in the ionic state, 
then the Mg2Si structure occupies less space than the 
zones and a contraction is therefore to be expected.
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1,6.6,5, THE EFFECT OF ADDITION OF Cu9Mng0r,Pe AND 
DELAYED AGEING.
The effect of copper,manganese,chromium and iron
addition to the properties of aluminium-magnesium-silicon
(US')alloys have been dealt with by Harris,Varleyv ',Chadwich,
Muir and Grainger^ and their papers have been discussed
? 117)in detail by several other authorsv
The addition of copper has an extremely benefic­
ial effect on the mechanical properties of Al-Mg-Si alloys 
in the aged condition. This advantage is,however*offset 
by a decrease in corrosion~resistance properties. Harris 
and Varley^^^report that copper increases the rate of 
precipitation during natural ageing and appears to be more 
susceptible to preferential grain boundary precipitation 
during air cooling,unless Mn or Cr are also present. Mang­
anese in the range of 0.4-0,7% is to inhibit preferential 
precipitation on grain boundaries,with the result that 
alloys are no longer so notch-sensitive. Harris and Varley 
showed that the mechanical properties are-little affected 
if the amount of Mn is restricted to 0.8%. The microstr­
ucture of the solution treated and artificially aged alloys 
are characterized by the presence of minute specks or dis- 
persoids in the matrix. This might explain the absence 
of grain boundary precipitation as they might act as nuclei 
for Mg^Si precipitates. The main disadvantage of adding 
Mh lies in the fact that the recrystalization temperature 
is raised.
In an alloy containing Mh,rapid general precipit­
ation with a consequent large decrease in mechanical prop­
erties occurs if the rate of cooling from the solution- 
treatment temperature is decreased. The behaviour of chro­
mium is similar in every respect to that of Mn,with the
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exception that on a weight percentage basis it appears 
to be approximately twice as effective and the maximum 
addition is usually 0. 3%.
Harris and Varley have shown that brittleness in
aluminium-magnesium-silicon alloys is dependent on both
the magnesium and silicon content of the alloy. For
instance,in super-purity base alloys with magnesium
contents of 0.7% or higher,a very small percentage of
silicon in excess of that required to form the compound
Mg^Si is sufficient to produce a considerable increase
in brittleness. Similarly with silicon contents of 1.2%
or higher,a very small percentage of magnesium in excess
of about .35% is sufficient to produce a similar increase
in brittleness. The effect of iron is to displace the
brittleness contour slightly further to excess: silicon
side of the quasi-binary,Al-Mg0Si,line and thus other
(116)factors remaining equalv ,a greater percentage of 
excess Si is required to produce the same degree of 
brittleness in commercial purity alloys
(115)Pashley,Rhodes and Sendorek^ -"have investigated 
the effect of a period of storage between the quenching 
and ageing of an aluminium -1.2%Mg2Si alloy* They showed 
that storage can lead to a failure to develop the optimum 
mechanical properties upon subsequent artificial ageing; 
and this is associated with the formation of a coarser 
precipitate structure which results from natural ageing 
during storage. An addition of 0.24% copper to the alloy 
lessened the effect of storage,largely because it reduced 
the rate of this natural ageing.
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1.7* THE EFFECT OF PLASTIC DEFORMATION ON MECHANICAL - 
AND MICROSTRUCTURAL PROPERTIES OP ALUMINIUM ALLOYS.
1,7.1c INTRODUCTION.
Precipitation‘phenomena are often affected by cold 
work prior to ageing. Cold work usually increases the 
maximum hardness of the alloy although the increment of 
hardness during ageing may be less than in the unworked 
alloy. The effect of cold work on the kinetics of ageing 
is complex;generally the rate of hardening is increased, 
although Berghezenv "has found the opposite effect in 
high purity binary, aluminium alloys. In some cases contra­
dictory results have been obtained with the same alloy,
(120)e.g. Al-Cu,where Grafv 'found an increased rate of zone
(121)formation after about 30 per cent cold work but Murakamiv J 
found a decreased rate of zone formation and an increased
rate of 9* precipitation.
1.7.2. THE INFLUENCE OP COLD WORK ON ZONE FORMATION.
A review of resistivity results by Kelly and
Nicholson^suggests that cold work has no effect on the
initial rate of ageing of a rapidly quenched specimen,
but that the rate of decay of vacancies is increased and
hence the final degree of decomposition of the specimen
is less. The negligible effect on the initial rate of
decomposition is expected since the concentration of
vacancies introduced by severe plastic deformation (10~^ - 
—610“ ) is much less-than the concentration introduced by 
quenching ( .  During ageing the dislocations intro­
duced by plastic deformation will act as additional sinks 
for the migrating vacancies and hence the rate of decay of 
vacancies will be greater than in an undeformed specimen.
In a specimen which is slowly cooled,step-quenched or
quenched and reverted,cold work frequently increases the 
initial rate of ageing to a figure near that for a rapidly 
quenched specimenv '• This is probably because some of 
the excess vacancies have only migrated to temporary 
sinks such as vacancy clusters and these can be destr­
oyed, and the vacancies redistributed by cold work prior 
to ageing* Since most specimens are too thick to be quen­
ched rapidly the general effect of cold work is to increase 
the rate of zone formation,but to limit the maximum 
zone size-due to the provision of additional sinks for 
vacancies*
(a 2 2 }However,Gane and Parkinsv 'have found that in 
certain binary aluminium alloys cold work causes rapid 
softening on ageing for a few minutes at elevated temp­
eratures. The effect was explained in terms of the unlo­
cking of the dislocations from the solute atmospheres 
that form during deformation. They suggested that the 
mechanism is consistent with well known effects of defor­
mation upon the course of age-hardening,i«e• peak hardness 
is reached at shorter times than in undeformed alloys and 
a higher maximum hardness is obtained by cold working 
after,rather than before,ageing.
1.7.5* THE INPLUEHCE OF COLD WOBK ON THE WCLEATIOH OF
THE INTERMEDIATE PRECIPITATION*
Many workersv 5 ~ 'have shown that cold work
prior to ageing increases the rate of nucleation of an 
intermediate precipitate. In aluminium copper alloys,the 
intermediate structure 91 forms after much shorter ageing 
times if the alloy is plasticaly deformed between solut­
ion treatment and ageing^ Vilsdorf and Kuhlman-Wils- 
dorf^^have shown that 9‘ frequently nucleates on dislo­
cations and that two orientations of 9* generally form in
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each slip plane. They postulated that the orientation not 
obtained is that with the slip direction in the (001)Qt 
planeo Silcock^ 'in agreement with the work of Wilsdorf 
and Kuhlman-Wilsdorf has made a detailed study of elong­
ation and ageing in Al-4%Cu and Al-4-%Cu-0.05% in alloys, 
and has shown that prefered nucleation of 9! occurs in 
the orientations which do not contain slip direction in 
the (100)q t plane. This was attributed to the atomic 
configuration at the edge of partial dislocations.
It is known that nucleation of 0* occurs at low 
( 129-130)angle boundariesv J '  ',and that at these polygon 
boundaries there*is often one of the possible two orient­
ations nucleated. A polygon boundary is formed by an 
aggregate of dislocations,the majority having their Burgers 
vector approximately perpendicular to boundary. The 
orientation that will not be nucleated-is therefore that
with f 0013q i perpendicular to boundary. In agreement with
(1 ?Q 1 ^>0 )this,electron micrographs^ ■'*  ^'have shown 91 platelets
almost parallel to small angle boundaries. The orient­
ation which is nucleated will depend on the angle between 
the boundary plane and the edge dislocations.
More recently Cook and Hutting^ 1968) have 
investigated the effect of plastic deformation on the 
0” —  ©! transformation during the ageing. They found
that after 15-20% cold work the formation of 9M is hindered, 
but the mechanism by which this occurs is uncertain.
However,Graf and Guinier^^^ have suggested that the 
reason for this is that 9” can only nucleate on 
planes,and-these are so distorted that nucleation cannot 
take place.
1 .8. THE EFFECT OF CREEP DEFORMATION OR AGEING PROPERTIES
OF SOME ALUMINIUM ALLOYS,
1.8,1 A INTRODUCTION»
(1=51-17)=0Several investigatorsv  ^ have reported the
retardation of the carbide precipitation reactions during 
creep-tempering of chromium steels,and a similar retard­
ation effect has also been observed in the case of 
resolution of a stable precipitate in a non ferrous alloy 
s y s t e m ^ . The molybdenum-carbide reaction.on the other 
hand,is variously reported as being r e t a r d e d a t  600°C 
and accelerated^ at 700°C.
Two tentative suggestions have been put forward 
to explain this effect^^5^ ^  5
(1). that the diffusion of chromium from the matrix 
to a particle of Cr^C^, transforming in situ to Cr^C^,
is retarded. It is commonly held that the diffusion of 
a solute atom is always accelerated by deformation,so 
that this mechanism would require that the dislocations 
present in the matrix should absorb chromium atoms to 
form atmospheres,thereby reducing the availability of 
chromium at the interface.
(2). it is possible that the volume changes involved 
in the transformation of a particle of Cr^C^ to
might result in an interaction with the applied-stress 
which could affect the course of transformation. If this 
interaction is purely an elastic interaction between the 
applied stress and the hydrostatic volume change involved 
in the transformat ion, then an applied tension would retard 
transformations resulting in a volume decrease. Reversal 
of the applied stress would reverse the sign of the effect. 
Alternatively the volume change during the transformation 
could act as a source or sink for vacancies. If it acts
as a vacancy source,ioeb if the volume of the final state 
is less than that of the initial state,leaving a hole 
to be dissipated as vacancies,then this addition of vacan­
cies to a system already containing a high concentration 
of vacancies produced by deformation process would raise 
the energy of the system,so that deformation would retard 
the transformationso Conversely,deformation would accelerate 
transformations in which the volume of the final-state 
was greater than the volume of the initial state® Unlike 
the elastic interaction,volume change theory model will 
not distinguish between an applied tension and an applied 
compression. Unfortunately,the transformations in carbide 
precipitates in steels are too complex to enable a 
critical analysis to be made of these models.
1„8„2o THE INFLUENCE OF CREEP DEFORMATION ON THE EOBMATION
AM) TRANSFORMATION Of 9* TO Q.
Driver and Barrand^^^ studied the effect of 
simultaneous deformation on the ageing kinetics of 9! 
in aluminium-copper alloys. The influence of deformation 
on precipitation was found to depend critically upon 
the initially formed defect structure. In dilute alloys 
( <2Wt-%Cu),deformation at fast and slow strain rates 
generated a sub grain structure,which resulted in slightly 
accelerated ageing kinetics. In the more concentrated 
alloy (2 and 4%Cu) slow strain rates gave rise to-exten­
sive arrays of helical dislocations within grains. These 
helices retarded ageing by absorbing vacancies and solute, 
thereby minimizing subsequent diffusion through the 
lattice. As the strain rate was increased,interactions 
of moving dislocations with helices led to elimination- 
of the helices and development of a subgrain structure.
The substructure then approximated to that of the dilute
aluminium-copper alloys,causing similar accelerated 
ageing kinetics*
The retardation of O’ —  © transformation has been 
reported by Nileshwar^**^ ,Garstone and Nileshwar^2^ .
Hi leshwar^^0  ^studied the kinetics of the ageing reaction 
occuring during ageing of aluminium-4-%copper alloy,and 
his results indicate that the creep deformation retards 
the transformation of metastable ©' to stable 0 -CuA^*
The activation energies for the transformation during 
creep ageing and ageing with stress are almost identical, 
indicating that the rate-controlling processes in the 
two cases are similar. His analysis also indicated that 
the reaction is unimolecular and suggested a tentative 
mechanism for allotropic transformation of ©! —  9. His 
results were explained on the basis of Bilby’s ^ ^ ^  volume- 
change theory.
Met alio graphic changes during creep of an alumin­
ium-copper alloy, aged to contain the 9* phase have been 
described by Pollard and Huttingv J . During the early 
stages there is large increase in the dislocation density, 
but there is no further increasing following the onset 
of steady-state creep. The dislocation density is stress 
dependent only up to a critical value,above which shearing 
of the disperse phase takes place. At low stresses,the 
size and distribution of the particles prevent the form­
ation of a clearly well defined substructure. Dislocation 
loops around the particles were considered to be due to 
breakdown in the coherency of the interface and acceler­
ated ageing to the equilibrium phase,and not to the 
movement of dislocations within the matrix. They suggest 
that the precipitate interface can act as a source of 
dislocations within the matrix on a very fine scale. They 
found that grain-boundary migration in the early stages
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of creep is restricted by the grain-boundary particles; 
however,extensive deformation still occurs in the region 
devoid of the 0* phase* Cavities produced during later 
stages of deformation were associated with the grain- 
boundary particles and with triple grain-boundary jun­
ctions o
( 148')Recently,Weatherly and Nicholsonv  ^ ,and Weath- 
erly^^^ have studied the interface-structure of the 
semi-coherent precipitates in detail* Weatherly and- 
Nicholson showed that the dislocation structure of y1 
(in Ni-Cr-Ti-Al) interfaces consists of hexagonal net­
works of a/2 £110 3 dislocations,S(in Al-Cu-Mg) and /B*
(in Al-Mg-Si) needles have arrays of dislocation loops 
along their length,having Burgers vector of the type 
a/2 £1013 for needles with axes parallel to £1001 ,while 
the misfit across the flat interface of 0 1 discs is 
accommodated by orthogonal sets of dislocation loops 
having Burgers vectors of a£1003 and aC0103 for an (001) 
disc*
They suggest that the y',s and 3s precipitates all 
lose coherency by the attraction of matrix dislocations 
to the particle/matrix interface* 0 ' loses coherency by 
the nucleation of dislocation loops within the precip­
itate, probably from collapsed point defect clusters, 
followed^climb of loops to the particle/matrix inter­
face. The rate of loss of coherency of y! ,s and (31 prec­
ipitates is controlled by the supply of matrix dislocat­
ions,and in the absence of these,the particle can grow 
to large sizes while retaining (metastable)coherency/creep 
deformation under these conditions can lead to a rapid
loss of coherency due to the introduction of a plentiful
(143)supply of matrix dislocationsv  ^ *
1.9. GENERAL SUMMARY*
High strength aluminium alloys are based on systems 
in which intermetallic compounds form eutectics with 
the terminal aluminium rich solid solution* These alloys 
may be strengthened by a two stage heat treatment,cons­
isting of 1 solution heat treatment* and * ageing*• In 
solution heat treatment the alloy is heated into a single 
phase region,and after homogenization,it is rapidly 
quenched. After quenching,the metal is relatively soft, 
but may be hardened by a low temperature heat treatment, 
and some alloys age spontaneously at room temperature.
The rate of ageing and maximum hardness attained is 
usually greater at somewhat elevated temperatures in 
the range of 100-200°G*
The solid solution begins to decompose during, 
or immediately after,the quench and solute atoms segre­
gate to form small clusters. The clusters grow until they 
give rise-to the X-ray diffraction effects typical of 
G.P.zones. Where there is no size difference between 
solute and solvent,the shape of the zones is spherical 
but where there is a size difference,the zones and 
probably the first clusters are•asymmetrical and may 
take the form of plates or rods. There is no effective 
nucleation barrier to the formation of these segregates 
so the process takes place entirely by competetive growth, 
and the rate of growth is determined only by the vacancy 
f lux*
The concentration of vacancies in an alloy at 
the solution heat treatment temperature,their redistrib­
ution and their annihilation during,and after,quenching 
control the low temperature ageing of the alloy. These 
parameters rank beside solute content,ageing time and
ageing temperature as variables controlling precipit­
ation. The concentration and distribution of vacancies 
depends upon homogenization temperature,solute content 
(including impurity content) and the quenching rate 
which,in turn,is a function of the medium,and the specim­
en size and shape.
The vacancy concentration affects both the kinetics 
of precipitation and also-the morphology and distrib­
ution of the precipitates. The initial rate of zone 
formation can be predicted from a knowledge of excess 
vacancy concentration. The average zone size after the 
initial period of rapid growth depends on the initial 
concentration of vacancies,and on the average life time 
of a vacancy. The maximum zone size is usually obtained 
when the vacancy concentration is the largest which 
does not cause homogeneous nucleation of new vacancy 
sinks e.g.dislocation loops. After the initial period 
of rapid growth,a much lower rate is maintained for long 
times at low temperature (e.g.room temperature for alum­
inium alloys) and the kinetics of this appear to be 
controlled by the binding energy between zones and 
vacancies.
The elimination of excess vacancies leads to aq a q p
dislocation density of 10-10 lines/cm ,much higher
than is found in an annealed material. These dislocations 
do not control the flow stress but frequently act as 
preferential nucleation sites for intermediate precipita­
tes and this leads to a heterogeneous distribution of 
precipitates within a crystal. There is no evidence*of 
dislocations having an effect on the formation of G.P. 
zones,although in principle this should occur if the 
zones possess a strain field.
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• - The zones are fully coherent with the matrix 
i.e.all interfaces with the matrix are coherent and 
the Bravais lattice in two crystal structures are ident­
ical if differences in chemical species,and consequently 
small changes in atomic spacings are neglected. Inter­
mediate precipitates are usually semi-coherent with the 
matrix and with further growth they lose their coherency 
completely as the equilibrium precipitate is formed*
The sequence of precipitation,properties and the 
orientation relationship of the Al-Cu|Al-Cu-Mg,and 
Al-Mg-Si alloys are shown in Table (1*6).
The variation in strength of an age hardening 
aluminium alloy may be described qualitively in the 
following terms:
Initially the strength of the alloy is that of 
the supersaturated solid solution. The first precipitate 
is coherent with the matrix and small,and-can be cut 
by dislocations moving through the matrix. If the initial 
particles are very small in at least one dimension the 
strength is also very temperature-dependent. The yield 
stress^  at this stage is governed by the stress necessary 
to force dislocations through the precipitates and the 
rate of work hardening is not very different from that 
of the solid solution,provided that no precipitation 
occurs during the deformation. As the precipitate part­
icles increase in size and possibly change their internal 
structure or the nature of their internal structure or 
the nature of their interface with the matrix,the work 
done in cutting each particle is increased. Further 
growth forces dislocations to pass between precipitate 
particles and maximum strength occurs at some critical 
particle spacing,for on further ageing particle spacing
increases-due to some particles growing at the expense 
of others* Further increase in particles spacing leads 
to a decrease in strength*
The effect of cold work prior to ageing and creep 
deformation on the age hardening of alloys is not yet 
well understood* However,it is clear that plastic defor­
mation can have marked effect on properties of alloys 
by introducing additional dislocations into the matrix, 
thus providing new sites for precipitation,and producing 
finer precipitates and hence affecting mechanical and • 
microstructural properties of the alloys during ageing* 
The effect of creep deformation on ageing is two fold, 
whilst additional dislocations may act as sites for 
precipitation,they may also move to the precipitate/ 
matrix interface and accelerate the overageing process*
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SECTION 2. MATERIALS INVESTIGATED.
2.1. COMPOSITION AND SPECIFICATIONS.
Materials were recieved in form of sheets about 
0.05 inches thickness and their specification details 
are given in Table 2*1. Alloy B was available only in 
clad form and was coated with aluminium -1#zinc of 5% 
of the sheet thickness on each face*
2.2* GENERAL PROPERTIES OF THE ALLOYS.
The three-alloys used are classical age-hardening 
type of alloys,i.e. which produce homogeneous solid 
solution at high temperature,but decompose into two or 
more phases on quenching and ageing at lower temper­
ature.
2.2*1* ALLOY A.BSS1A70 HS15*
This alloy is a commercial version of the alumin­
ium -4-% copper binary alloy which has been widely 
investigated. The sequence of structures formed on 
precipitation treatment is: supersaturated solid solution 
—  G.P.zones —  0" —  0f and 0 (CuAl^) equilibrium 
precipitate.
The alloy also contains just under one weight 
percent of both magnesium and silicon,hence it is possible 
that other structures formed internary Al-Mg-Si-and 
Al-Cu-Mg may form in addition to those of Al-Ou. This 
material is the strongest of the three investigated at 
room temperature,but does not have such good high temper­
ature properties as alloy B. It is very widely used in 
aircraft and general engineering.
2.2.2. ALLOY B.CM001D.
This alloy has been developed for British Aircraft
TABLE 2.1
AL
L. Nominal Composition Rang:e Mech?*
SPECIFICATION Cu Mg Fe Mn Ni Zn Cr Ti Si A1 Props.
A BSS1470 fi*S.15 3-5
4.8
00 \D 1.0 1.2 0.2 0.2 - - .90 Rem. 55x105
psi.
B CM001D* 2.4 I . Vr
i .07 .07 1.070.1 - .07 .18 Rem. 50x105
2.6
it— 1.11 .09 1.14
I 0
 • .08 1.1 - psi.
C BSS140 H.S.30 0.1 0.4 
• • >
.6 0.4
170
- 0.1 0.1 - 0.6 CD • ^3x 105
* CM001D:'is a joint British Aircraft Corporation/ Sud Aviation 
specification for the Concorde super sonic aircraft .(This 
alloy is generally similar in composition to*, High Duty Alloys 
Ltd. specification (HI/dunium ER58) and-aircraft specification 
(D.T.D.507OA).
** U.T.S.
Corporation and Sud Aviation for use in construction 
of the commercial supersonic aircraft "Concorde”. It 
is based on an A1 2.5%Cu 1.2%Mg or quasi binary Al-
SCAl^CuMg) alloy system. The material undergoes internal 
structural change upon precipitation treatment from
zones --  S1- ——  and finally SCAl^CuMg) equilibrium
precipitate. Most of the data available for this alloy 
and alloy A are for plate and rod shaped specimens,but 
the alloys are usually used as sheets in construction 
of aircraft. Therefore the alloys are all investigated 
in the form of sheets. Alloy B shows better stability 
on long term ageing at elevated temperature than other 
types of aluminium alloys. Alloys of this type have 
also been widely used in aircraft construction for many 
years. This particular alloy also contains additions 
of 1% each of iron-and nickel,and the silicon content 
is also controlled. These additional alloying elements 
serve to improve its performance at high temperature by 
controlling the grain'Size& and ageing process as disc­
ussed in Section 1.63.
2.2.3o ALLOY C.BSS1470 HS30.
The aluminium - magnesium - silicon alloys on 
which alloy C is based,are of great industrial import­
ance. They have excellent corrosion resistance coupled 
with useful strength and are readily produced as sheet 
or as thin or complicated extrusions. A wide range of 
strengths is available,but unfortunately the highest 
strength goes with a ductility which,although adequate 
for straightforxirard use,does not allow much forming 
in the fully heat treated condition.
This alloy hardens by the precipitation of-Mg^Si 
which is not such an effective hardener as 0 or S. The
main reason for including this alloy in the investigat­
ion is that it has different ageing kinetics and precip­
itate structure (see Section 1.66).
SECTION 3o EXPERIMENTAL PROCEDURE.
5.1. SOLUTION HEAT TREATMENT.
5.1.1. APPARATUS.
All solution heat treatment was carried out in 
a sodium nitrite salt hath. This method of heating is 
especially suitable since the excellent heat transfer 
between the molten salt and the sheet material ensures 
rapid heating to the solution treatment temperature,there 
is comparatively little temperature fluctuation within 
the bath and the temperature may be controlled very 
accurately. In this case the bath consisted of a cylind­
rical stainless steel vessel,six inches in diameter and 
twelve inches high,it was heated by means of a mineral 
insulated,Inconel sheathed immersed element and was 
controlled by an Ether Tranitrol potentiometric contr­
oller via an immersed thermocouple. Temperature control 
was at all times better than i 2°C of the set temperature 
Periodic checks were made with an independent thermo­
couple and potentiometer to ensure that the Transitrol 
remained accurate.
5q1c2. PROCEDURE.
Sheet blanks approximately 6" x 3" x 0.04” were 
degreased and carefully dried before immersion in the 
salt bath for the requisite time. At the end of the 
soaking period they were transferred to a x^ ater quench 
bath at 20°C as quickly as possible.
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3a2r PRECIPITATION HEAP? TREATMENT„
3.2,1o APPARATUS.
Most of the precipitation heat treatment was 
carried out in "Gallencamp" air circulatory ovens,but 
a low temperature salt hath was also used for heat 
treatments which required temperatures of above 200°C 
or when when the heat treatment time was-very short 
(to minimise errors due to heat up time)o
The ovens were electrically heated and controlled 
by means of an expansion type thermostat which maint- *
“f"ained the temperature within - 2°C once accurately set. 
Temperature was measured by means of a thermometer inser­
ted through the top of the oven. In order to reduce the 
time taken for a test piece to reach the oven temperature, 
and to minimise temperature fluctuations when the oven 
door was opened to insert or remove a test piece, 
several large blocks of aluminium alloy were kept in 
the oven and-test pieces under treatment were sandwiched 
between them.
The low temperature salt bath was a small cylind­
rical vessel about 2" diameter and 6" long,it was heated 
by an external winding and controlled by an "Ether Trans- 
itrol" via an immersed thermocouple. Accuracy was 
similar to the high temperature salt bath and similar 
periodic checks were also made*
3o2o2e PROCEDURE.
In order to minimise any errors due to natural 
ageing processes at room temperature,precipitation heat 
treatment was always commenced five minutes after quench­
ing from the solution heat treatment. Where cold working 
was carried out it was performed during this five minute
13/16
CM
1/2
CO
(b)
1 (a.) FIG.3.1. SCALE 1:1 IN 
(b) FlG.3.2 ii ii(a)
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period o At the end of.the precipitation treatment the 
test pieces were again quenched into cold water and 
then mechanically tested or examined microscopically 
as soon as possible.
5.5. ESTABLISHMENT OP THE STANDARD PROCEDURE FOR SOLUTION 
AND PRECIPITATION HEAT TREATMENT,
The as received sheets were cut into smaller blanks 
so that they could be solution heat treated in the salt 
bath. The specimens were usually punched-out by a special 
punching machine,after quenching (Figs.3*1 and 3.2).
In order to establish optimum conditions,alloys 
A,B,and C were solution heat treated at various temperat­
ures for as long as 24 hours. Then they were rapidly 
quenched and aged at 180°C. Considering the results of 
hardness versus ageing time curves,it was decided to 
solution treat the alloy A at 510-520°C and alloys B and 
C at 530~340°C (see the results). A twenty minute solution 
heat treatment time was found to be adequate. Therefore, 
specimens from the alloys were solution heat treated 
at the above temperatures for 20-30 minutes and then 
they were rapidly quenched into water (20°C) and aged 
at 180°C. This treatment would be refered to as "standard 
treatment". Alloys-A and B were also aged at 160°C and 
200°C respectively. These conditions are generally similar 
to those used in commercial heat treatment of these alloys.
5o4» COLD WORKING.
5.4.1. APPARATUS.
A 61*2 ; high laboratory rolling mill was used to roll 
the blanks down to necessary thicknesses. The-rolls were 
always kept in lubricated and clean condition. Although 
the rolling machine was equiped with a measuring device,
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the thickness of the blanks before and after rolling was 
measured by a micrometer down to 10.0003”.
5.4.2o PROCEDURE.
The rolling operation was carried out by making 
a number of passes,each reducing the thickness of the 
sheet by-0.001 -0.01" until the described thickness was 
attained. The blanks after being quenched,were rolled 
down to 1,5*10 and 20 per cent of the initial thickness 
and then the specimens we re punched out from these blanks. 
A constant time of five minutes delay between quenching 
and ageing in all conditions was selected.
3.3. CREEP TESTING.
3.5«1o APPARATUS.
Three different machines were used for the creep 
experiments:-
(a). EoMoEeCo Limited; Cree^ ) VW-WrtE
The load is applied by dead weights through a 
10:1 lever mechanism (Fig.3*3*)* The furnaces of this 
machine are controlled by a saturable reactor system.
The furnaces are differentially wound to compensate for 
end losses and were calibrated so that the centre position 
of each test piece was within - 2°C of the nominal temper­
ature. A set of grips,which were designed and made 
especially for this experiment,were used for holding the 
specimens inside the furnace (Fig.3.4).
(b)= Hounsfield E Type tensometer;
This machine is capable of doing various tests 
e.g.tensile,compression and fatigue tests. The machine is 
also capable of doing creep tests provided that a furnace 
is mounted on the machine. Therefore a small vertical 
furnace with the maximum safe operating temperature of
FIG.3.3
CNJ
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FIG.3.4
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FIG.3.5
FIG.3.6.
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300°0 was used with this machine• This furnace was wound 
in a similar way to the furnace used with E.M.E.C. Ltd. 
machinec The machine supplied constant strain rates, 
through a hydraulic and-gear mechanism,ranging from 
0.00055 to 5.5 inch/min.• However,very low strains were 
not sufficiently accurate for the purpose of this-work 
and the tests were usually carried out at above 0.01 inch/ 
min«. The load versus strain curves were directly plotted 
on a chart with 16:1 magnification by the recorder.
(c). Instron Universal Testing Machine (floor model T.T.- 
D standard,low speed,metric).
This machine was available in the later stage of 
the research work and provided much better facilities to 
those from the Hounsfield E Type Tensometer. Therefore, 
the effect of the creep deformation on the over aged 
specimens was studied by this machine as well as by 
Hounsfield. A vertical furnace similar to that used with 
the Hounsfield machine was used to provide the creep 
testing temperature (Eig.3*5)»
The temperatures of the furnaces of the E.M.E.C. 
Ltd. machine were measured and accurately controlled with 
Ni/Al:Ui/Cr thermocouples strapped or clipped to the 
centre of specimens. The e.m.f. originally being measured 
with a Cambridge Potentiometer and was later recorded 
automatically on an Elliot Datex recorder.
The temperatures of the furnaces used with the 
machines under paragraphs b and c of this section were 
measured and controlled by a thermocouple - strapped to the 
centre of the specimen inside the furnace. The temperature 
of the specimens was shown and controlled by a transitrol 
and a relay switched the power ’on' or 'off' to keep the 
temperature equal to the required temperature. A trans-
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former reduced the main voltage down to the operating 
voltage range of the furnace (Pig-3-5)•
3.5*2. PROCEDURE.
Creep deformation was initiated at three stages of 
ageing,as quenched,three hours aged and overaged.
(i). As quenched.
As quenched specimens of the alloy. B were placed 
inside the vertical furnace used with the Hounsfield machine 
and tested at 180°C at various strain rates for various 
times. The delay between quenching and testing was kept 
as short as possible. In order to allow the temperature 
of the specimens to reach the testing temperature (180°C) 
the specimens were plaeed inside the furnace ten minutes 
before the test starts.
(ii). 3 hours aged.
Specimens of the alloy B which were three hours 
aged under the-standard conditions at 180°C were placed 
inside the E.M6E.C. creep furnaces and tested under 4-0 lbs. 
constant load,at 180°C. Similar delays used with the as 
quenched specimens x^ ere used here. The test was stopped 
at various stages of creep and the strength of the alloy 
was measured by means of hardness and tensile testing.
(iii)o Overaged.
Specimens of the alloys B and C were aged at 320°C 
for 24- and 4- hours respectively,and then they were creep 
tested under constant strain rates at 250°C0 Similar delays 
and testing procedure used in previous creep tests were 
used here. Often unstrained specimens were placed next to 
the crept specimen for comparison,and shared an identical 
thermal history.
5.6. MEQHAUICAL TESTING.
5.6.1. APPARATUS.
An Avery 2500 lbs hydraulic tensile testing machine 
with a high magnification electronic extensometer was 
usually used for tensile testing (Eig.3«6). However, some­
times specimens were directly tensile tested by the Instron 
or Hounsfield machines. The stress strain curves were 
directly plotted on a recorder with a magnification of 
x 500.
Hardness tests were carried out by a Vicker hard­
ness testing machine with a 5 kg load.
5.6.2. PROCEDURE.
The strength of the alloys at various stages of 
ageing with or without prior cold work or creep deform­
ation was measured by tensile-testing and sometimes,if 
necessary,by hardness testing. The stress-strain curves 
were directly plotted on the recorder via an extensometer. 
The extensometer was placed in the central section of the 
test piece and the-position of the recording pen was 
carefully adjusted. Eor safety reasons,the extensometer - 
had to be removed from the specimen just before fracture.
5o7. OPTICAL MICROSCOPYc.
Samples from the three alloys were carefully 
prepared,polished and then gradually etched by two solut­
ions, (a) 0.5% EH, 1*5% HOI,2.5% and remainder water,
(b) 380 ML Ethyl Alcohol,4-00 ML Ortho Phosphoric acid and 
50 ML water. Structure of the alloys before and at various 
stages of etching was investigated by an automatic Carl 
Zeiss photo microscope.
5*8o SPECIMEN REPARATION FOR ELECTRON MICROSCOPY,
To study microstructural properties of the alloys 
under electron microscope,discs of 3inm diameter and 
0.5111321 thick were extracted from the specimens. Two'tech­
niques for preparing these discs were investigated.
3.8.1c "KODAK” PHOTOSENSITIVE RESIST TECHNIQUE,
(14-5)"Kodak” Photosensitivev Resists are solutions 
of light-sensitive resins in organic solvents. They form 
water insoluble and chemical resistant coatings when applied 
to almost any material. After exposure,the unexposed areas 
of the resist are dissolved in special organic solvents, 
leaving a resist pattern which offers higher chemical 
resistance than any other photosensitive resist coating. 
Stencils produced using "Kodak" resists are highly resist­
ant to all commonly used etching solutions,and will with­
stand electroplating and electroetching processes.
There are seven "Kodak" Photosensitive Resists, 
each of which has its own associated processing solutions. 
Por the purpose of this research "Kodak" Ortho Resist was 
adopted.
The following ancillary solutions were supplied 
by Kodak for use with KOR:
Ortho - Resist Developer 
Ortho - Resist Thinner
One square centimeter samples from the specimens 
were thoroughly dried and cleaned. Then they were coated 
with Kodak Ortho Resist (KOR). The coated surface was 
dried in an air circulating oven for about 5 minutes at 
30°C. Then it was exposed to light while a 3 to 5mm dia­
meter dark ring was protecting the same area ring on the 
sample. Light was supplied by a standard projector and
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few seconds exposure time was found sufficient® The unex­
posed area of the resist (ring) was dissolved in Kodak 
Ortho Resist Developer,leaving a resistant area which 
offers high chemical resistance® The back of the-samples 
were coated with "Laqumit" and dried in the oven® The 
unexposed ring was dis&olved in a solution of hydrochloric 
acid (1 part by volume of concentrated acid + 4 parts 
by volume of water). However,three other suggested etch­
ants were used which were not satisfactory,they were
(1)* A 20% sodium hydroxide solution at 60-90°C.
(2). A ferric chloride solution plus small quant- 
- ities of hydrochloric acid (below 43°C).
(3)* For electrolytic etching in alkaline etch 
baths,a commercial high conductivity alkaline 
electro cleaner was used and the surface to 
be etched was used as the anode.
The resistant coating was removed-by the approp­
riate thinner or a very fine emery paper. Figure 3«7 
shows various stages in the Photo-Etching process.
However,this technique was not satisfactory for 
the purpose of this research and subsequently for any age 
hardening alloys. During the Photo-Etching stages,the 
specimens had to be dried up in an oven at undesirable 
temperatures and the specimens were warmed up to elevated 
temperature during etching process. Finally,the preparat­
ion time was long and in the etching process,as the depth 
of the etched segment increased,the tendency for the 
etchant to undercut or etch under the resist increased.
The degree to which this occurs is called "etch factor" 
and it is illustrated in Fig.3.8.
It is-possible to improve the etch factor by conver­
sion coating.Fig.3.9.
5o802o MECHANICAL PUNCH.
Among several other techniques for preparation 
of 3 milimeter discs,the punching technique is the fastest 
However,the disadvantage of this method is the extra 
dislocations introduced in the matrix by punching. There­
fore it was decided to design a Mechanical Punch,which 
absorbs most of the shock caused by punching and have a 
perfect fitting between the male and female parts of the 
actual operating punch to reduce the risk of the specimen' 
edge bending. The male and female parts were made of 
hardened steel. While a special cylinder holds the sheet 
of specimen lightly and only exposes the three milimeter 
diameter disc which has to be punched out,a spring coil 
prevents the punch from damaging the surface of the disc 
and absorbs the shock.
FIG .3.10.
3o9c THIN TOIL PREPARATION TECHNIQUE.
Metals and non-metals can be prepared as thin 
films suitable for transmission electron microscopy by 
deposition techniques (Pashley,1964) or by solidif­
ication from the melt (Takaheshi,Kazato,Ashinuma and ! 
Watanabe,1957) ^ ' ^  *but these are specialized method and 
the structure of the resulting sample is often dissimilar 
to that of a bulk sample (Pashley,1964)(^55)# direct 
preparation of thin foils from bulk specimens can usually 
be divided into two parts:
(a)» Initial thinning,which can be achieved by 
rolling,grinding,machining,spark machining or a non­
deformation method such as scanning jet machining,chem­
ical or electro chemical sawing,or chemical polishing.
(b). Final thinning,this is usually carried out 
when the material is a few thousandths of an inch thick, 
and is continued until a small hole(s) appears in the 
specimen. The most widely used technique for this purpose 
is electro-polishing,but other methods such as chemical 
polishing and ion bombardment are also available.
Windoitf and Boliman techniques are among widely 
used techniques for final thinning. Recently other electro­
polishing methods have been developed which are essent­
ially similar to the above,but use small discs (3 or 2.3 
mm diameter) and enable thicker samples (approximately 
0.020in„thick) to be used before final thinning.
3«9>1. ELECTRO POLISHING.
Thin foils were prepared by electro polishing the • 
3mm discs in a standard Aeon Laboratory P.T.F.Eo assembly.
A P.T.F.E. holder on Heidenreich1 s (1949)^^^ 
original apparatus was designed by (Dewey and Lewis (1963) 
(147) ?Briers et al, (1964)^^^) in which 3mm or 2.3mm
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diameter discs of wide range of metals and alloys can 
be electro-polished simultaneously on both sides-to 
produce a thin region near the centre of the-disc.-The 
holder (Fig.3*1$) consists of two circular P.T.F.E. inser­
ts screwed into a block of P.T.F.E. One insert is fixed 
and provided with a 0.020inch deep depression holding the 
specimen. The other insert is removable to allow spec­
imens to be inserted into the holder. The holo.s in the 
inserts are approximately 2mm diameter so that only-the 
centre position of the disc on each side is exposed. The 
thickness of the lip surrounding the hole is approximately 
0.25mm,a thinner lip leads to preferential attack of the 
specimen under the lip,a thicker one tends to trap gas 
bubbles and produce uneven polishing. Electrical contact 
to the specimen is made by means of the platinum probe, 
the other end of which is attached to a stainless steel 
screw. A stainless steel sheet provided the cathod.'
The electro-polishing was carried out in a bath as 
shown in Fig.f3.11. Polishing was continued until the 
hole appeared in the centre of discs. Then the holder was 
removed from the bath and rinsed in alcohol. After rinsing 
the discs were dried under cold air and kept clean, until 
used.
Electrolyte.bath was placed in a mixture of ice 
and water to prevent the electrolyte temperature from - • 
rising,especially for as quenched specimens. The P.T.F.E. 
holder was changed few times during the work,thus prevent­
ing any change in size and shape of the holes in the inserts 
hence reducing preferential etching. However,satisfactory 
results from this technique were not achieved until many 
experiments were carried out.
10-12 volts voltage and 2 ampere current were found
FIG.3.11.
to be ideal for thin foil preparation,while final rinsing 
was very important and pure alcohol had to be used* The 
composition of electrolyte used was 4-0% Acetic Acid,30% 
Phosphoric Acid,20% Nitric Acid and 10% water
3.10. ELECTRON MICROSCOPY,
3o10o1c BASIC DESIGN OF THE ELECTRON MICROSCOPE,
Aa electron microscope consists of an electron 
gun and an-assembly of electron lenses as shown in 
Pig*(3.12). This depicts schematically the ray paths in 
a microscope employing three stages of magnification and 
a single-condenser lens system for illuminating the 
specimen. The lenses may be either of the magnetic or 
electrostatic type,although,due to the development of 
electronically stabilized sources of current and beam 
voltage,the magnetic lens is nowadays used almost exclu­
sively because of its smaller optical aberrations and 
its freedom from usual troubles associated with the high 
voltage* Many early electron microscopes employed two 
stages of magnification. In modern high resolution instr­
uments the use of three stages of magnification (object­
ive, intermediate lens and projector) often with double 
condenser lens illuminating system has become fairly 
standard design.
The most critical component of a magnetic lens is 
the soft-iron pole-piece,which produces an axially symm­
etric magnetic field for focusing the electrons. The rest 
of the lens is a magnetic yoke containing the widenings 
for energizing the lens with Do0.current and varying the 
focal length of the pole-piece system.
The specimen to be examined by transmission of 
electrons is placed near the entrance to the bore of the
Bledton Sooroe
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FIG. 3.12
objective lens pole-piece,the design and perfection of 
which most influences the electron optical performance 
of the microscope. The magnified image I,(Fig.3.12) prod­
uced by the objective is called the first intermediate 
image® This serves as an object for the intermediate lens 
which produces a second intermediate image ^ 9and this is 
magnified further by the projector lens to produce the 
final image on the fluorescent viewing screen. The photo­
graphic plate for-recording the image is placed immed­
iately below this.
5.10.2. THE PRINCIPAL OF ELECTRON DIFFRACTION.
The diffraction effects which arise wrhen a mono­
chromatic beam of electrons of wave length % impinges 
on the surface of a crystal or passes through a crystal 
can be ascribed to the regular path differences between- 
the wavelets elastically scattered by every atom (Fig.3.13)»
If the gazing angle of incidence is Q,the path 
difference-between waves reflected at successive plane 
is 2d sin©. If this path difference is equal to an inte­
gral number n of wavelengths,Bragg showed that the waves 
reflected at every plane will be in phase,thus when
n ^  = ^(hhl) sin0(hkl) c e *(3*1) Braggs equation, 
an intense diffracted beam results. Where h,k and 1 are 
Miller indices of lattice plane and spacing
between the planes.
5.10*3* THE RECIPROCAL LATTICE AND EWALD SPHERE.
The reciprocal lattice is geometrically related to 
the real crystal lattice. The origin of the reciprocal 
lattice coincides with the origin of the real lattice, 
and the reciprocal lattice points are drawn at distances 
1/d from the origin in the directions perpendicular to the
FIG.3.13.
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crystal planes of spacing d in the real lattice. Thus the 
reciprocal lattice points corresponding to the various 
order (hkl) reflections are spaced at equal intervals 
1/d(hki) along the normal to the (hkl) planes.
The direction of the diffracted beam can be found 
by construction of the Ewald sphere. The centre of the 
Ewald sphere is at a distance l/'X from the origin 0 of 
the reciprocal lattice,and the sphere is drawn with radius 
1/?W The direction of the incident beam is along CO.
Ewald showed that the diffracted beam will arise whenever 
this spherical surface intersects a reciprocal lattice 
point P,and that the direction of the diffracted beam 
is given by the vector CP (Pig.14a). It can be seen that 
when the Ewald sphere intersects a reciprocal lattice 
point,the Bragg equation is satisfied and a reflection 
will arise.
The curvature of the Ewald sphere is very small 
and the reciprocal lattice points are not infinitesimally 
small hence Ewald sphere may intersect many reciprocal 
lattice points and a corresponding number of diffracted 
beams will arise (Pig.3o14b).
3.10.4. GENERAL THEOBY Off DIFFRACTION CONTRAST^8).
The image formed in the transmission electron 
microscope can be regarded as a magnified picture of the 
intensity distribution of electrons leaving the lower 
surface of the crystal in the direction of the incident 
wave (bright field image) neglecting absorption,this can 
be found by calculating the intensities of the diffracted 
beams and by subtracting the sum of these from the inten­
sity of the incident beam.
Two theories have been developed to explain the
contrast effect formed in the microscope,Dynamical and 
Kinematical theory. The dynamical theory of diffraction 
takes account of the multiple reflections of waves inside 
the crystal® The complete treatment involves the applic­
ation of a wave equation to the motion of an electron in 
the periodic potential of the crystal lattice® The kinem- 
atical theory explains all the effects which dynamical 
theory has heen able to treat,in a quite simple qualit­
ative mannerfl This theory is also very useful for study­
ing contrast at defects,such as dislocations,for which a 
complete-solution by dynamical theory has not yet been 
obtained. The theory takes into account the amplitude 
scattered by the column of crystal at a point on the 
lower surface of the crystal and the column in the direct­
ion of the incident beam. There are suggestions which 
indicate that the size of the column could be of atomic 
dimentions,so that to study the contrast near a defect 
where the strain varies continuously such as a dislocation, 
the intensity scattered is obtained as-a-function of the 
position of the exit point (P) see Pig.3®15»
5.10o5. INVISIBLE DISLOCATIONS M D DETERMINATION OF 
BURGERS VECTOR.
It has been shown that when g.b =0,i.e.when the 
Burgers vector lies in the reflecting planes,the disloc­
ation should not be visible. There is considerable evidence 
that not all the dislocations may be visible on transmis­
sion electron micrographs^’^ 58)  ^ similar effects were 
observed in this research.
For screw dislocations all the atomic displacements 
are parallel to the Burgers vector b so the quantity g.b 
determines completely the visibility of the image. For 
g.b =0 all the displacements lie in the reflecting planes
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and the dislocation is invisible. For g.b =1 the disloc-
o
ation usually appears as a dark line of width 30A to
o
•100A for low order reflections• For g.b =2 the image is 
wider and may consist of two peaks (particularly near the 
Bragg reflecting position). Changing the sign of g.b 
merely reverses the image with respect to the dislocation*
Any dislocation can be split up for purposes of 
image contrast calculations into screw and edge components 
by resolving b parallel and perpendicular to the disloc­
ation line. For such dislocations there are,in addition 
to displacement Rjparallel to b,displacements normal 
to the slip plane. Image contrast can result from either 
or both of these displacements but the displacement Rj 
is usually the more important and produces image behav­
iour for edge dislocations which is quite similar to that 
of screw dislocations. Edge dislocation images due to the 
R^displacement are about twice as wide as the correspond­
ing screw dislocation,but since image width depends on 
other factors,in particular the "inclination” of the 
dislocation,it is not a reliable means of distinguishing 
between edges and screws.v
In the case when g.b =0 and a screw dislocation 
would vanish the displacements Reproduce no contrast and 
any image effect from the-edge dislocation must result 
from the displacements R^ . These displacements are symm­
etrical on either side of the dislocation and produce a 
symmetrical image (sometimes with two or three peaks) and 
usually quite-faint in comparison to the normal images 
(see results). This effect is very clear around the dis­
location loops i.e.the contrast vanishes in the directions 
normal to g.
It is possible to devise a technique for determin-
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ing Burgers vectors of dislocations systematically. For 
this purpose,it will he convenient to tilt-the foil about 
an arbitrary axis in the plane of the foil. The contrast 
could then be examined as a function of the indices of 
the Bragg reflection,and those reflections for which the 
dislocation contrast vanished. However this technique 
cannot be entirely-reliable (see above discussion) and 
care must be taken.
5.10c6. ELECTRON MICROSCOPY PROCEDURES.
Carefully prepared thin foils of the alloys from 
various stages of ageing (with or without prior deform­
ation) and creep were studied under an A0E.I.E,M.6G-. 
electron microscope. The technique adopted is that first
used by Heidenreich and later by Hirsch, Home, Bo liman 
(158)and others'  ^ . In this method the image contrast is
produced by allowing only one beam to enter the aperture 
of the objective lens (Fig.3.12). The objective aperture 
was normally placed in so that only the directly trans­
mitted beam firCm the image,dark contrast results where­
ver local conditions in thin crystal produce strong 
diffraction (bright field image). In certain cases alter­
native field,dark field image,was selected (i.e«allowing 
one diffracted wave to contribute to the image).
In this technique the "diffraction contrast" is 
sensitive to strain in the lattice,or more correctly,to 
displacements of atoms from their normal positions,so that 
dislocations usually appear as dark lines while grain 
boundaries and stacking faults give rise to interference 
fringes.
The voltage between the cathod-and anode of the 
electron microscope was kept at 100 K.V. hence keeping 
the electron wave length constant for the whole duration
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of testing* The specimens were carefully tilted in all 
directions to investigate all the effects explained above 
and similar effects around the precipitates* The temper­
ature of the as quenched specimens inside the microscope 
were kept as low as possible by circulating liquid 
nitrogen around them*
5,10.7, THE ELECTRON DIFFRACTION,
The basic elements of an electron diffraction 
camera are shown in Pig.(5*16). It consists of an electron 
gun,an electromagnetic lens for focusing the electron 
source on the fluorescent screen or photographic plate, 
and the specimen* Diffracted beams from the specimen 
travel directly to the fluorescent screen without further 
deviation.
If the R is the radial displacement from the 
undeviated centre spot at the screen, then*
R = L tan20 • • . (3*2)•
As the angle © is very small,with sufficient accuracy 
tan 29 may be replaced with 2 sin©.Hence combining 
equation (5*2) with Bragg equation (5«l)sa simple relat­
ion is obtained
Rd = /^ L o c . (3-3)
where % is the electron wave length and d is the inter- 
planar spacing in the specimen. In practice,the values 
of /\ and L are not determined separately but are measured 
as a product A L,which is called the camera constant.
To determine the value of the camera constant 
(A l») for every specimen,a known diffraction pattern from 
the aluminium matrix,as well as selected area diffraction 
pattern,was taken. The value of aluminium lattice spacing
o
is known from accurate X-ray measurements (a=4e04-9A).
From the known diffraction pattern,values of R and d can
-id'i
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FIG. 3.16
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"be estimated9hence AL will "be obtained and L can be
°measured separately as /= 0.037A for 100K.V.
However,when - L was unlmom ,indexing was attemp­
ted-by using ratios. Since Rd= L is a constant,(see 
Fig.3-17)
R^/R2 = d2/d1 etc. . . . . . (3.4)
or OA/OB = dp/d.................... (3.5)
 ^ 1 B(h2k2l2)
0 0 0
o 0 o A(h^ k^ l^ j)
o o o .
Fig.(3.17) Spot Pattern.
The ratios of &2/d^ were compared with an accurate 
table which was previously prepared from all the possible 
ratios. The indices and their signs were checked by 
using equation (3*6)
r k-1h2 +k-lk2 +1'112__   -
VVbil +k^ +l|)(h|+k|+l|). . (3»6)
where is the angle subtended at the unscattered (zero 
order) centre spot of the pattern by the (h^k^l^) and 
(h2k2l2) reflections. Tables showing^listed against 
values of (h^ k^ lxj) and (h2k2l2) were available.
The direction of the incident beam [uvw3 and hence 
the foil orientation was found by using relations
u=k^l2 ~h2l^
V=l^h2 —l2h^  . e . . o (3.7) 
w-h^k2 -h2k^j
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3*11o PHOTOGRAPH!.
3.11.1. OPTICAL MICROSCOPY.
The pictures were taken automatically by the auto­
matic Carl Zeiss Photo Microscope. However,the micro- • 
scope fs exposure time had to be carefully synchronised.
3.11.2. ELECTRON MICROSCOPY.
Many micrographs .with various exposure time and 
brightness,were taken to find out the best matching 
condition with the recommended developing and fixing 
time for the electron microscope plates. However,depend­
ing on the condition of the specimen,alterations in the 
exposure or brightness had to be made. The same procedure 
was followed for printing the micrographs. "Bromide" or 
"Multi-Grade" papers produced better quality prints than 
"Contac" papers.
SECTION 4c. RESULTS.
4.1. ESTABLISHMENT OE THE STANDARD PROCEDURE.
The effect of solution heat treatment temperature 
on ageing is not a maoor variable in this research. 
However,it was necessary to establish a standardized 
procedure which would be realistic and would produce near 
optimum mechanical properties. Therefore,the alloys were 
solution treated at different temperatures and subjected 
to a standard precipitation treatment.
The nominal stress-strain curves obtained during 
the tensile tests provided the following information 
ultimate tensile strength,Young's modulus,0.1% and 0.2% 
proof stress. Using 0.1% and 0.2% proof stresses and 
ultimate tensile stress values,ageing curves were plotted 
for the material in the various conditions of ageing,
(the same procedure was used for plotting the other ageing 
curves in this thesis). The proof stresses are of greater 
reliability than ultimate tensile stress and also more 
sensitive to the ageing treatment,hence they are mainly 
used along with U.T.S. values to follow the progress of 
ageing.
The effect of various solution heat treatment temp­
eratures used on the mechanical properties of alloys are 
illustrated in the Tables and Figures 4.1 to 4.4,for alloy
C. The form of these ageing curves is similar to those of
(150-152)previous workers^  ^~ ^ ,i.e. the hardness increases -
after quenching,at first rapidly and then more slowly. It 
is further evident that the maximum strength attained 
increases with increase in the solution treatment temper­
ature (Fig.4.4),but the increment decreases until there 
is no significant increase in the maximum strength.
Heating at higher temperatures results in embritt­
lement and blistering,owing to local melting which is 
due to local segregation of intermetallies,where the 
solidus temperature is exceeded. Finally,the maximum 
temperature of the salt bath was also limited to 550PC.
The solution heat treatment temperatures and ageing 
temperatures used for the three alloys are shown in the 
Table (a)
4.2. EFFECT OF COLD WORK.
The influence of ageing upon the 0.1% and 0.2% 
proof stress and ultimate tensile stress of the three 
alloys used,after differing amounts of prior deformation 
from 0 to 20%,is shown in Tables and Figures 4.5 -4.23*
The Table (b) illustrates the maxima in the 0.1% proof 
stressiUoToS. for 0 and 10 percent cold work and the 
corresponding ageing times. Note that in both alloys A 
and B there is a moderate increase in strength when cold 
worked but the ageing time is reduced much more in the 
case of B. In alloy C there is no increase in strength 
although ageing time is also reduced.
4,2.1. ALLOY B, CM001D
(i). Mechanical Properties;
The tensile properties versus ageing time curves &- 
chieved for this alloy showed two stages of hardening and 
one flat plateau at 180°C (Fig.4.13)* The first stage of 
hardeihg occured very-rapidly and led to an extremely 
long plateau in the U.T.S.curve. The second stage of hard­
ening -increased -the strength of the alloy to about 51000 
p.s.i. 0.1% P.8. and 60000 p.s.i.U.T.S.. Overageing occ­
ured after the second stage and the strength of the alloy - 
was eventually reduced to about that of quenched material.
T A B L E ( a )
TEMP. °C ALLOYA B c
SOLUTION
TREMENT. 520 530 _ 5A0
>
530 _ 5A0
AGEING
O001oCO 180 - 200 180
TABLE( b)
ot £ 0.1 %  p.s. U.T.S.
■  ■■ j 
<
o
oN? HOUR STR.X103PSI HOUR X103 PS.1.
A 0 30 50 25 68A 10 22 66 20 71
0 20 51 13 60D 10 7 56 7 66
/■* 0 2 A6 2 A9c 10 1 A 6 1 A8
I -135-
The deformed material attained maximum strength 
sooner than undeformed material,and as the amount of 
initial strain was increased so the time needed to reach 
peak strength decreased,but the length of plateau was 
decreased. The hardening at early stages of ageing in 
deformed material was much faster than undeformed material 
(see the Tables and Figures 4,13 to 4,16 and also Table b). 
The cold worked alloy showed*slower overageing rate. High­
er ageing temperatures (e.g.200°C) accelerated the ageing .-.n
and overageing,so that the whole curve was shifted to the
left on the time scale (Figs,4.13 and 4d6).
These results are not in complete agreement with 
previous work and are discussed in Section 5„(SeeirO
(ii)c Microstructural Properties;
The dislocation arrangement in the solution treated
and quenched material depends upon the severity of the
quench• Cold water quenching produced many dislocation 
helices and small loops (Plate 1). The air quenched or 
cold water quenched specimen which has been aged for a 
short time at slightly elevated temperature,however, 
showed an abundance of larger loops (Plate 9)* These larger 
loops were presumably formed by the climb of prismatic 
dislocation loops or by the growth of helices by vacancy 
condensation. The pitch of the helices in Plate 9 is 
nearly equal to their radii,suggesting that they have 
originated as pure screw dislocations. The dislocation 
density of the cold worked material was higher and finer 
than that of undeformed material (Plates 2 and 4) 0
The fine- G.P.B.zones can be seen on the background
of the Plates 2,3 and 6. The shape of these zones is uncer-
(81)tain,as they are very small,but Silcock^ Jsuggests that 
they are cylindrical. The first stage of hardening is
attributed to the formation of these zones. No S" (G.P.B.
2) zones were observed.
The preferential precipitation of S* precipitates on 
dislocations occured at the start of the second stage of 
hardening, and is shown in Plates (3 and 6). It was confir­
med that the S1 phase precipitated as platelets &n the 
[210} planes of the aluminium matrix. Although individual 
platelets were sometimes observed,(Plates 3 and 6),the 
more normal mode of growth in this alloy produced many 
platelets on adjacent -{210} planes forming a corrugated 
sheet of precipitates® The line of intersection of the 
platelets in the sheet and the growth direction of-indi­
vidual platelets are lying along <001 5)* The
irregular outline of some precipitate sheets (Plates 3*5 
and 6) was thus due to different nucleation time. The 
maximum strength occured-when about 23% of the Sf precip­
itates in addition to G.P.B.zones were present (Plate 5) • 
Softening (overageing) started on re-solution of G-.P.B. 
zones and further formation of Sc precipitates (Plates 7 
and 10), As ageing proceeded,S! precipitates grew larger 
and lost their coherency by acconfodatioru^dislocations in 
the matrix/precipitate interface (Plates 41-45)• Further 
softening occured on growth of some S precipitates in 
expense of the neighbouring precipitates. The growth of 
the S precipitates at regions near grain boundary is shown 
in Plate 11.
The effect of cold work on the G.P.B.zone formation 
is not very clear,as their size is at the limit of the 
electron microscope reosolution,but their rate of formation 
was accelerated and the first stage of hardening occured 
at a faster rate,(Figs.4.5-4.21 and 4.23). There was no 
evidence to show preferential precipitation of the zones
at dislocations.
The extra dislocations introduced by cold work, 
provided additional sites for S1 precipitates (Plates 6,
10) and hence finer precipitates were formed (Plate 8)• 
These finer Sf precipitates retarded the rate of overageing 
In this alloy the denuded zone area around the grain boun­
dary is very small,but cold work further reduced this area 
and delayed the growth of S precipitates adjacent to grain 
boundaries (see Plate 8 and 11).
4.2.2. ALLOY A.BSS1470 H.S.15*
(i). Mechanical Properties;
The ageing curves achieved for this alloy at 160°C- 
ageing temperature showed two stage-hardening (Table 4.7) • - 
The initial stage of'hardening occured rapidly (30000p.s.i. 
0.1% P.S. and 59000p.s.i.U.T.S.) and was followed by a
flat plateau. The second stage of hardening increased the 
tensile strength of-the alloy to above that - obtained for 
alloy B (61000p.s.i. 0.1% P.S. and 68000p.s.i.U.T.S.). 
Higher ageing temperature (180°G) accelerated the rate 
of ageing at both stages (Pig.4.6). However,the maximum 
strength obtained at this temperature was less than that 
obtained at 160°C and overageing occured at a much faster 
rate •
The effect of cold work-on this alloy was nearly 
similar to that on alloy B,i.e. the ageing was accelerated 
and the material showed higher tensile properties,but the 
increase of maximum strength was relatively less than that 
of alloy B (Pigs.4.22-and 4.23). The^ageing curve of alloy 
fa is shown at Fig.4.5* The alloy at this temperature aged 
a’t a very slow rate and hardens to a much lower
thcLYr oi; 160°C and 180°C. ' %
(ii). Microstructural Properties;
The structural changes occuring during ageing of 
this alloy at 180°C with,or without,10% cold work prior 
to ageing are shown in Plates (12-23). The as quenched 
defect structure of-this alloy showed similar properties 
to those of alloy B, There was no evidence showing the 
G.P.zone formation,as this temperature is above the zone 
solvus,and the sequence of precipitation in absence of 
strain was:
Supersaturated a ---  0"   0!   0 (CuAlg)
The formation of 0” on 100 ^  planes of the matrix (Plate 
12-14) was followed by 0* -precipitation on the same planes 
of the matrix (Pig.14,15)« It was very difficult to detect 
0n in the material also containing 0* as streaking in 
<100>^ directions on diffraction patterns,from which the 
presence of 0" could be inf erred, was also given by small 
01 particles. However,the presence of full coherency 
around 0" precipitates and their size was carefully consid­
ered for their detection. At peak strength the alloy 
contained both 0" and 0* precipitates (Plate 14,15?20 and 
21). The formation of 0,the equilibrium precipitate, 
required long ageing times,at earlier times it was only 
formed on grain boundaries (Plates 15?16 and 19) or in 
the heavily distorted regions. . . ’
The presence of other precipitates (e.g. S1) is 
clear in Plates 16,17 and 19* The presence of Mg^Si needle 
shape precipitate was very difficult to detect and the 
amount of S? precipitate present is below that expected 
for this alloy.
Cold working before ageing,considerably modified 
the transformation. It increased the density of the disloc­
ations and dispersed the dislocations more uniformly throu­
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ghout the matrix in a similar way to alloy B. The form­
ation of QM and 0* precipitates were both accelerated 
and higher density-of the ©* precipitates were observed 
(Plates 13 and 13) • The additional dislocations intro­
duced by cold work provided extra site for 0* precipitates 
(Plate 22).
The dislocations apparently passed through ©M 
particles and were blocked by ©! precipitates at low 
stresses (Plate 20). The strain energy produced by 0n 
precipitates was running from one precipitate to another 
and thus introducing resistance to the dislocation move­
ment (Plate 13*14).
4.2.3* ALLOY G,BSS1470 HoS.50 (Al-Mg-Si).
(i). Mechanical Properties;
The tensile properties of alloy C on ageing at 
180°C showed a single stage-hardening. The initial rapid* 
hardening was followed by-a long flat peal?: (46000 0.1% P.O. 
and about 30000 p.s.i.U.T.S.),but the alloy overaged at a 
much faster rate than the previous alloys. The alloy C 
developed lower tensile strength on ageing in comparison 
with alloys A and B.
The initial rate of hardening was increased-with 
the increase in the amount of cold work (Pigures 4.17- 
4o 21),but there was no increase in the maximum strength of 
the alloy,and in fact the strength was slightly decreased.
(ii). Microstructural Properties;
The as quenched defect structures of this alloy x^ ere 
different from those of alloy A and B. The structure consi­
sted of dislocation loops which varied in size from 100 too
300A and a high density of incipient dislocation networks
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(Plate 24)o Since the contrast due to a dislocation gives
o
an apparent width of the order of 100A,it was not possible 
to resolve the true diameter of the loops when they appearO
to be 100A diameter,or less. A close approximation to the 
average diameter,however,was about 100A. The average 
density of dislocation loops was determined from many 
micrographs and was found to be about id^/em^,assuming a
o
foil thickness of 1000A.*
Using the same technique as Thomas showed that
the vacancy concentration to produce this dislocation
46density is about 3x10 . Therefore,mao or fraction of vacan­
cies is retained in solution,probably as a result of inter­
action with solute atoms which is in good agreement with 
the work of T h o m a s a n d  Lutts^^ \  Plate 24). Cold 
working prior to ageing distributed the dislocations 
throu.ghout the matrix (Plate 25) and there was an increase 
in the dislocation density.
The zones formed on ageing were needle shaped and 
they grew along <100> directions (Plates 26 and 28). The
* Bailey and Hirsch^'^have described a method of estim­
ating the density of dislocations: />=(4/<H )R^/At,where t
is the thickness of the foil and A is the area in which R ,
( 160) ^length of dislocation,is measured in. Hamv has intro­
duced an easier technique by using results of Smith and 
 ^161)Guttman^ . They showed that if a set of random lines 
with total length L is marked on A,and number of intersect­
ions which dislocations make with the grid lines is 
measured9then R^ =*TlNA/2L giving /= 2N/Lt provided N is 
large enough.
resolution of the zones was very difficult and the foil 
orientation had to he in a particular orientation. Soft­
ening occured on further growth of the needles at the 
expense of the neighbouring zones. Cold work only acceler­
ated the rate of zone formation,and no preferential prec­
ipitation of zones on dislocations was observed.
There was no evidence of p1 (intermediate Mg^Si) 
precipitation even after 10 days of ageing at 180°C. It is 
well established that Mg^Si only precipitates at higher 
temperatures >200°C. The^ tensidre«*pre>parta«e&-vea?su*s~-ageteg 
o f^ tM ? s ^ id ,o y - ^ t^O O ^C :^ a n d ^50—O ^ re —sh a 'vm r^n^P ig . 4^*39^
The microstructural properties of this alloy aged at 320°C 
for 4 hours are shown in Plates (31-33)• There was no 
evidence of preferential precipitation of 3* precipitates 
on dislocations ,but some precipitates had a semi-circular 
shape. The deformed material at this temperature developed 
a higher tensile property at early stages of ageing,but 
rapidly overaged and decreased in strength down to that 
of undeformed material.
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4.5. EPPECT OP CREEP.
4.5.1. ALLOT B -AS SOLUTION TREATED.
The effect of simultaneous straining and ageing 
(creep) on the mechanical properties of the as quenched 
samples of alloy B,aged at 180°C,is illustrated in Pig. 
4.24. The as quenched tensile properties of the alloy are 
also plotted in the same figure. The strength of the mater­
ial increased with the decrease in straining rate. However, 
specimens which shared the same thermal history,but were 
not strained showed higher strength than those from the 
creep strained specimens (Pigs.4.24-4.26). The tensile 
properties versus ageing time curves for the alloy B under 
various strain-rates (4 to 0.0567% per min.) at 180°C are 
shown in Pig.4.27. It is clear,from Pig.4.275that ageing 
in comparison with-higher strain rates is retarded at 
lower strain rates,and also that the alloy-develops higher 
strength when tested at lower strain rates.
It was not possible to carry out the creep tests at 
lower strain rates because the strain rates available from 
the machines used were limited. The length of the specimen 
was also limited,due to size of the furnace used. The 
constant load technique,owing to rapid change in strength 
of the as quenched specimen,was not used.
Constant load creep tests were not feasable since 
the material hardened so rapidly that low loads would 
quickly cease whilst higher loads would cause rapid initial 
creep rates,and even fracture.
4»5 o 2. ALLOY B -SOLUTION TREATED AND AGED POR 5 HOURS.
(i). Mechanical Properties;
Mechanical properties of the alloy B under creep
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deformation is shown with the simple ageing curves of the 
alloy at 180°C,in Pig.4*28. The creep strained specimens 
were aged for three hours at 180°C before being subjected 
to creep deformation. The peak of ageing curves occured 
later and below that of the simply aged specimens (Table 
C),but overageing occured at a faster rate.
(ii). Microstructural Properties;
In early stages of creep the dislocation distrib­
ution was very similar to that observed-following room 
temperature deformation (Plate 2 and 4). The density of 
dislocations at first was not uniform,but became more 
uniform through the individual grains later. The disloc­
ation density became higher on further deformation and 
especially around the precipitates (Plates 35 and 36). At 
this stage,dislocations were running from one precipitate 
to another and rings of dislocations were observed around 
some precipitates (Plates 35-38). Plastic flow accentua­
ted the precipitation process in the material immediately 
adjacent to grain boundaries (Plates 38,39) and large 
precipitates were grown at these regions. Deformation 
occured at favourably orientated denuded regions adjacent 
to grain boundaries, and cracks were observed at triple 
grain boundary points (Plate 39)* This is in good agreer- 
ment with the result of previous works on the binary 
aluminium-copper alloys(^2,143 ^63)^
It was necessary to age the alloys at high tempe­
rature to acheive overaged stage at a faster rate ,hence 
shorter ageig time.The tensile properties versus ageing
o
time curves for the alloy B; at 300 and 350 C are illust-
TABLE! c )
ALLOY B or/oP.s. U.T.S.
HOUR X103PS.I. HOUR X103RS.I.
AGED 15 53 12 60
AGED&CRE. 30 43 40 54
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rated in Figure and Table 4.29. Alloys B and C were aged 
at 320°C for 24 and 4 hours respectively and then they- 
were creep tested under constant strain rates at 250°C. 
Overageing occured faster on creep testing.
(ii). Microstructural Properties;
The microstructure of the alloy B and C before 
creep testing consisted of large Sf and 5* precipitates 
respectively. Some of the precipitates showed dislocation 
loops around them,but they were not closely spaced to each 
other,Plate 31* The loops around the particles are consi­
dered to be due to break down in the coherency of the 
precipitate/matrix interface. The material which was 
crept for a short time after this stage showed more prec­
ipitates with dislocation loops around them and they were 
closely spaced (Plates 34,42-45). The denuded-zones around 
the grain boundaries were observed (Plate 40). Ageing was 
accelerated at these regions and large precipitates at, 
or nearby,these grain boundaries were formed.
The dislocation-loops around the precipitates were 
not observed when (g.b.) was equal to zero.
4.4. OPTICAL MICROSCOPY RESULTS.
The alloys used were examined in the as recieved 
condition by conventional optical metallographic techni­
ques. The typical structures of them are shown in Plates 
46-48. In these alloys it is not possible to prepare 
specimens \-\rhich show the distribution of intermet allies 
and grain structure simultaneously since fairly heavy 
etching is required to show the grain boundaries and this 
inevitably over-etches the internetallies leaving a pitted 
surface. Although the specimens shown by Plates 46-48 are 
heavily etched,they still show the size and distribution
of the particles. It was not the intention of this work
to distinguish between the various particles present. The
uniform distribution of the particles in the Plate 48
(H.S.30) is clearer as the magnification of the plates
(x130) is-not very high to resolve all the intermetallic
( 83particles. However9it has been shown by other workersv
qn /\/\ cl y\yirp'\
5 ’ that these particles have composition of-Al^
PeNi (mainly in alloy B) jAl^CuMg^Si^Mg^SijCuAl^ etc.. The 
size and shape of the grains in the alloys were not uniform, 
they are varying from 20 to 80p, •
4. 3 c STTMARY OF THE PRINCIPAL RESULTS.
4.3.1c EFFECT OF COLD WORK.
(i). Alloy A and alloy B showed two stage-harden­
ing and alloy C single stage-hardening on ageing at the 
temperatures used (160-200).
(ii). The © f and S1 precipitates (of the alloys
A and B respectively) precipitated preferentially on dis­
locations. Cold work increased the density of the precip­
itates by introducing more dislocations.
(iii). The peaks of the ageing curves occured 
earlier when the alloys were cold worked,but was only 
increased in the case of alloys A and B and the-rate of 
overageing of the last two alloys was decreased.
(iv). Cold work accelerated the rate of the inter­
mediate precipitate formation in all the alloys used.
4.3.2. EFFECT OF CREEP.
(i). On alloy B,as quenched;
Creep deformation accelerated the-rate of ageing at the 
temperature-and strain rates used.
(ii). On alloy B,three hours aged;
Creep deformation retarded the rate of ageing and the peak 
of strength occured later and lower than that of the un- - 
strained,but-the alloy,after this stage,overaged rapidly.
(iii). On alloy B and alloy C,overaged;
Creep deformation accelerated the rate of overageing in 
both alloys by providing additional dislocations to acc­
ommodate the misfit strain at the precipitate/matrix 
interface.
4o6e TABLES AND FIGURES.
4.6.1. ESTABLISHMENT OF THE STANDARD PROCEDURE.
Specimens of the alloy C (H.S.30)-were solution 
heat treated at various temperatures, 1).500, 2).310,
3).520, 4-).550, 5)*540°C, for 20 minutes and then they 
were cold water quenched and aged at 180°C.
TABLES AND FIGURES:
4.1-4.3* Showing the effect of various solution 
heat treatment temperatures on the 0.1%,0.2% proof stress 
and ultimate tensile stress of the alloy C respectively, 
on ageing._
4.4-• Showing the effect of various solution heat - 
treatment temperatures on the peaks of the ageing curves.
4.6.2. EFFECT OF COLD WORK.
(i). Alloy A; Specimens of this alloy were solution 
treated for 20 minutes at 520°C and then cold water quen­
ched.
TABLES AND FIGURES:
4*5* Showing the tensile properties of this alloy 
on ageing at room temperature.
4.6. Showing the tensile properties of the alloy A 
on ageing at 180°C.
4.7* Showing the tensile properties of the alloy A 
on ageing at 160°C.
4.8o Same as 4.7*but 1% cold worked prior to ageing
4.9*.Same as 4.7*but 5% cold worked prior to ageing
4.10. Same as 4.7*but 10% cold worked prior to
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ageing.
-4*11• Same as 4.7?but 20% cold worked prior to 
ageing.
-4.12. Same as 4.6,but 10% cold worked prior to 
ageing.
(ii). Alloy B (CM001D); The specimens of this alloy 
were solution treated at 540°C for 20 minutes,and then 
cold water quenched.
TABLES AND FIGURES:
4.15* Showing the tensile properties of this alloy 
on ageing at 180 and 200°0.
4.14. Same as 4.13?aged at 180°C,but 1% cold worked 
prior to ageing.
4.15* Same as 4.13*aged at 180°C,but 10% cold work­
ed prior to ageing.
4.16. Same as 4.13»but 20% cold worked prior to
ageing.
(iii). Alloy C (H.S.30); The specimens of this 
alloy were solution heat treated at 530°G for 20 minutes, 
and then cold water quenched.
TABLES AND FIGURES:
4.17* Showing the tensile properties of this alloy 
on ageing at 180°0.
-4.18. Same as 4.17*but 1% cold worked prior to 
ageing.
4.19. Same as 4.18,but 5% cold worked prior to age­
ing*
4.20. Same as 4.18,but 10% cold work prior to ageing.
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•4.21• Same as 4.18,but 20% cold worked prior to 
ageing.
Table and Figure 4.22. Illustrating the effect of 
cold work on the peaks of the tensile properties versus 
ageing time curves of the alloys A,B, and C.
Table and Figure 4.23* Illustrating the effect of 
the cold work on the-tensile properties of the alloys at 
25 hours ageing time.
4.6.5. EFFECT OF CREEP.
(i). As quenched;
All the specimens were heat treated under the "standard 
conditions".
FIGURES.
4.24. CM001D alloy; Solution treated and quenched, 
then creep tested at 180°C at, a). .025in/min., b). .011 
in/min., c). .00055in/min.,and also d).tensile tested at 
room temperature,0.6in/min.
4.25* CM001D alloy; Solution heat treated§quenched 
and then a).simultaneously strained (0.011in/min.) and 
aged at 1800CL$b) .-unstrained,but with the identical thermal 
history of a).
4.26. CM001D alloy; Solution heat treated,quenched 
and then simultaneously strained (.00055iu/min.) and aged 
at 180°C-a)oOne hour crept to A,then tensile tested (full 
line),b).three hours crept to B,and then tensile tested,
c).crept to fracture (5 hours). Three other specimens 
which shared the same thermal history as a,b and c respect­
ively, were tensile tested and are shown in the same figure.
4.27* Comparing the simultaneously strained and 
aged curves with the simple ageing curve of the alloy B
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at-180°C9 a). 4%/min. ,b).1.66%min. ,c).0.732%/min. and
d)o0.0367%/min.
(ii). Three'hours aged.
Table and Figure 4.28. Showing the comparison between the 
simply aged specimens of the alloy B,and creep aged-spec­
imens of the alloy B (under constant load) at 180°C.
(iii). Overaged•
Table and Figure 4.29* Showing the tensile properties- 
versus ageing time curves of alloy B,at 300 and 350°C.
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4.7* PLATES.
4.7.1. EFFECT OP COLD WORK.
The specimens are heat treated under n standard 
treatment” and aged at 180*C.
(i). Alloy B, Al^2.5%Cu^1.2%Mg^1%Ni^/I%Fe^
0.15%Si•
- 1). As quenched; Showing helices and dislocation 
loops.
2). As quenched; 10% cold worked,showing helices 
and dislocation loops which are finer and have higher 
density than those in Plate 1.
3). 1.7 hours aged; Showing preferential precip­
itation of Sf on dislocations and also G-.P.B.zones in 
the background.
4). 4 hours aged,10% cold worked; Showing larger 
dislocation loops and helices than those in Plate 2.
5). 27 hours aged; Showing corrugated sheets of S',
6). 24 hours aged,10% cold worked; Showing fine 
S* precipitates on the dislocations.
7) • 7 days aged; Showing the uniform distribution 
of S* precipitates throughout the matrix.
8). 10 days aged, 10% cold worked; Showing the uni­
form distribution of S1 precipitates throughout the matrix. 
Notice that they are about three times finer than those
in Plate ?.
9). 3 hours aged; Showing helical dislocations with 
opposite signs.
10). 5 days aged; Showing dislocation nucleated 
precipitates in the later stage of ageing.
11). 7 days aged; Showing coherency strains at the 
end of precipitates and also large S precipitates in the 
regions adjacent to the grain boundary.
(ii). Alloy A, Al^4%Cu~,0.8%Mg-1.2%Mn-1%Pe-0.9%Pe 
(also containing about 0.2% of each Ni and 
Zn) •
12). 4 hours aged; Showing 0" precipitates.
13)• 4- hours aged,10% cold worked; Showing 0" prec­
ipitates with the coherency strains around them.
14). 24 hours aged; Showing 0” and 0r precipitates. 
The coherency strains are running from one precipitate to 
another (about peak strength).
13). 24 hours aged,10% cold worked; Showing 01 pre­
cipitates, also large equilibrium precipitates on the grain 
boundary.
16). 5 days aged; Showing 01 and 0,and also a few 
Sf precipitates.
17). 5 days aged,10% cold worked; Showing 0* precip­
itates, they are higher in density than those in Plate 16.
18). As quenched; Showing sub-boundaries and disloc­
ation lines,especially around the particles.
19). 5-days aged,10% cold worked; Showing 0! and S* 
precipitates.
20). 27 hours aged; Showing 0* precipitates obstr­
ucting the movement of dislocations through the‘matrix. 
Also showing a sub-grain formed in the specimen.
21). 27 hours aged; Showing 01 and S1 precipitates.
22). 3 days aged; Showing high density of 01 precip­
itates in the deformed region.
23)o 10 days aged; Showing large 01 precipitates 
and also formation of the ©equilibrium precipitates.
(iii)• Alloy C, A1 ^ 1.2%Mg^0.9Si-0.6%Pew0.8%I/tn- 
0c3%0r-0.1%Cu.
24). As quenched; Showing dislocation lines and- 
helices which are entangled or attracted to particles.
23)* Same as Plate 24,but 10% cold worked; Showing 
uniform distribution of the dislocations in the matrix.
26). 4 hours aged; Showing large cylindrical,or 
spherical,particles and also very faint needle shaped 
precipitates.
27) • 4 hours aged. 10% cold worked; Showing the need­
les clearer.
28). 28 hours aged; Showing long needle shaped prec­
ipitates. ^
29)o 24 hours-aged,10% cold worked; Showing needle 
shaped precipitates. The precipitates which are perpend­
icular to the surface of the foil are appearing as dots 
in the plate.
30). 10 days aged; Showing a slight increase in the 
diameter of the needles,but still no sign of the (31 prec­
ipitates (rod shaped).
31). 3 hours aged at 320°0; Showing rod shaped*81 
precipitates,also a few semicircular (3 r precipitates.
32 and 33)* 3 hours aged at 320°C,10% cold worked; 
Showing 13* precipitates. There is no significant size 
difference between these precipitates and those in Plate 
31.
4.7.2. EFFECT OF CREEP.
34). 3 hours aged at 320°C,and then creep tested at 
250°C for 2.3 hours; Showing dislocation loops around the 
(3f precipitates.
33)• 3 hours aged at 180°C,and then creep tested at 
180°C;Showing S* precipitates with a high dislocation 
density around them.
36). Same as*Plate 33; Showing corrugated sheets 
of S1 precipitates.
37)* Same as Plate 35; Showing S* precipitates with 
dislocation loops around them.
38). Same as Plate 35; Showing large precipitates 
on the grain boundary and S precipitates adjacent to the 
grain boundary,also showing denuded zones near the grain 
boundary.
39). 3 hours aged at 180°C,and then creep tested to 
fracture (90 hours);*Showing a crack occuring at the tripl 
grain boundary point.
40). 24 hours aged at 320°C; Showing S precipitates 
with wide bands of denuded zones around the grain boundary
41). 10 days aged at 180°0; Showing large S1 precip­
itates.
42,43?44 and 43)• 24 hours aged at 320°C,and then 
creep tested at 250°C; Showing S precipitates with disloc­
ation loops around them. Dislocation loops around the pre­
cipitates are visible when they are in the particular
orientation (see sections 1 and 3)*
*46-48). Showing the grain size of the alloys A,B and C
respectively, in the as received condition.
R1. X50000 P2. X 80000
R3. X75000 X80000
X72000X27000
P.7. X 32000 P.8. X70000
P. 9. X 30000 P.10. X5A000
R11. X 24000
P.12. X 50000 R13. X50000
P.U . X65500 R15. X50000
P.16. X50000 P.17. X25000
R18. X5A000 R19. X5000
R20. X 65000 R21. X 51000
P.22. X 51000 P.23. X5UJ00
R24. X 75000 R25. X38000
R26. X20000 P. 2 7. X57000
R28. X 23500
SL-
P29. X76500
P30. X 0000
P. 31 X 27000 R 32 X35000
P. 33 X35000 P.34 X72000
CREEP CREEP
X48500 X46000
P37. X 60000 P. 38. X 50000
P.39. X32500 RAO. X22 000
K
A
• *
JE
jm
PA1. X67500
X2 8000
P M .  X30000 PA 5. X 30000
R46. X136 PA7.  X136
X136
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SECTION 5. DISCUSSION
5.1. EFFECT OF COLD WORK
5.1.1. AS QUENCHED DEFECT STRUCTURE
It is now well established that the as quenched 
structure of the alloys susceptible to precipitation hard­
ening has a significant effect on their subsequent micro­
structure and mechanical properties. A high concentration 
of vacancies at solution treatment temperature is retained 
by a rapid quench,but - some vacancies may find enough time 
to migrate to sinks,e.g.grain boundaries and surfaces. The 
retained vacancies are generally precipitated as prismatic
loops in dilute alloys,but form helical dislocations in
C7)7) 59)more concentrated aluminium alloysv . However,vacan­
cies have strain energy as well as surface energy,hence it 
is expected that they would be attracted to regions of 
strain in the lattice,e.g.solute atoms of different size 
from solvent atoms,or form vacancy clusters.
In the F.C.G.lattice,two types of loops are possible
( 19)v If the stacking fault energy is low the loop forms 
a stacking fault;its Burgers vector is 1/5 £1113 and its 
direction is normal to the plane of the loop. If the stack­
ing fault energy is high a dislocation loop is formed with 
Burgers vector 1/2 £1103^^ which does not lie-in its 
plane. Such a loop takes a prismatic shape^^\ It can 
glide on a cylinder,the axis of which is the Burgers vector 
and the surface of which contains the loop (see Plate 1).
Dislocations may move non-conservatively by climb, 
either by absorbing or emitting point defects at jogs^^* . 
If point defects are absorbed by screw dislocations,these 
are turned into helices^® ^ (Plate 9). The pitch of helices 
in Plate (9) is nearly equal to their radii,suggesting that
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they have originated as pure screw dislocations. It is 
further evident from,Plates (1 and 9) that on ageing heli-
(45*)
ces have grown and are larger. Embury and Nicholson '  
have studied the formation and the geometry of the loops 
in an Al-7%Mg alloy. They showed that they lay on {110} 
planes with a/2<110> type Burgers vector. They also showed 
that the loops are pure edge dislocations and this is 
consistent with the observation that they retain their 
unusual geometry during growth by climb,and also they are 
vacancy type since the region near the sources is free 
from the normal vacancy condensation loops (Plate 1).
The concentration of vacancies annealed out to
form dislocation loops in quenched specimens of alloy C
-6 14- / 5 fwas ^3x10 ,and the loop density ^10 /cnr (similar to
(10Q)\
results of Thomas ) * This now leads to two possibilities 
in regard to the alloy ©-where a lower annealed-out vacancy 
concentration has been found (vacancy concentration in A1 
is ^ICT4 when quenched from 550°C),viz.(i) not all the 
vacancies have gone to form loops,or (ii) there is a lower 
vacancy concentration in the ternary alloy than in pure 
metal. However,other experiments on aluminium alloys 
have shown that alloying-increases the concentration of 
quenched-in vacancies (e.g.in dilute Al-Cu ^10~^). This 
indicates that a major fraction of vacancies are retained 
in solution,probably because of interaction with solute 
atoms. In this alloy,magnesium atoms are larger and silicon 
atoms are smaller than parent aluminium atoms,so that it 
is only those vacancies not associated with solute atoms 
that can condense,collapse and form dislocation loops upon 
quenching.
The effect of cold work on the defect structure 
of the alloys is complex. It is clear that cold work intro­
duces extra dislocations in the bulk of the material and
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also affects the grain shape (Plate 2). However,additional 
dislocations introduced act as new sinks for vacancies 
present in the super-saturated material,therefore reducing 
the number of vacancies available in the ageing procedureo 
But,there are some vacancies which have migrated to temp­
orary sinks,such as vacancy clusters,hence cold work would 
redistribute these vacancies,and it appears that the second 
factor is greater than the first and an accelerated rate 
of zone formation in all three alloys is observed. Hence 
the size of the zones is expected to be refined„ The inter­
esting point which is clear from the case of alloy C is 
the uniform distribution of dislocations by cold work 
throughout the material (Plate 25).It is also worth ment­
ioning that a negligible amount of vacancies (comparing 
with solution treatment and quenching) are introduced by 
cold work and are dependent on the percentage of the de­
formation.
An interesting micrograph of alloy A in as quenched 
condition is illustrated in Plate (18). Whelan^^5) kas 
carried out a systematic study of dislocation interactions 
in P.C.C.metals,and he introduces a method which can exp­
lain such a network of subgrain boundaries (Big«5«1)
5.1.2. THE EBBSCT OB COLD WORK OH PRECIPITATION PROCESSES.
At a temperature at which self diffusion occurs 
fairly rapidly,dislocations may be expected to climb to 
take up lower energy configurations. In particular pris­
matic dislocation loops are expected to decrease in size 
and vanish by emitting vacancies;this process has been 
observed by Silcox and Whelan ,in specimens of quen­
ched aluminium while under observation on a heating stage 
in electron microscope. The present work shows that helical 
dislocations and loops grow in size on ageing (Plates 1,2,
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4- and 9)« Embury and Nicholson^'^have observed the same 
effect and suggest that the loops are probably formed by 
Bradeen Herring^^^mechanism,therefore they will climb 
by the addition of further vacancies and hence increase 
in size*
The factors affecting nucleation and growth of the 
precipitates were discussed in section (1.6*4*.2) and it 
was shown that when dislocations are present in the matrix 
the elastic strain associated with the dislocation accomm­
odates the strain due to the precipitate and hence-the 
resistance to growth of the precipitate is lowered. The 
elastic strains caused by the growing precipitate result • 
from the misfit of the precipitate and matrix lattice#.
The effect of dislocations on the heterogeneous nucleation 
and growth of the precipitates is discussed separately for 
each of the three alloys.
a). Alloy B
Thin foil electron microscopy showed that the B* 
precipitate laths grow on [210} planes. Depending on the 
nature of the heterogeneous nucleation site,several (210} 
planes having a common <001> growth direction may be used 
to form composite precipitate sheet. It was also discussed 
that B* has a lowest misfit (+1.23) along a(<001>)-axis 
where the matching periodicity between Al/S1 was 0.99* The 
dislocation loops lying in a (110) plane with a/2 [1103 
Burgers vector therefore provide favourable sites for Sf 
precipitates. Hence,extra dislocations introduced by cold 
work would provide additional favourable sites for S* and 
increase the tensile properties of the alloy (Plates
10).
It was very difficult to detect the precipitates 
which were not nucleated on dislocations. Whilst there are
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(8 00 Q^ S) .suggestionsv 9'-"that S* only nucleates on dislocations,
the plates (5*6,9 and 10) of this work indicate that some
precipitates are homogeneously precipitated.
(b). Alloy A.
The acceleration of the formation of 0” and 0* by 
cold work was revealed in Section 4-. The formation of the 
91 phase at such an early stage may be due either to an 
increase in the kinetics of the super saturated solid 
so3.ution --- ©n and 0n   01 reaction or-to direct nuclea­
tion of 91 from the supersaturated matrix.
For the later process to be preferred,either 
nucleation of 9 f must be much more favourable than the 
formation of 0" that very little 0" is formed or the intro­
duction of strain must interfere with the nucleation of 
0". It was mentioned inprevious section (4-) that the 
0" phase was very difficult to detect in material also
containing 91 ,hox^ever,previous workers using X-ray^^**^^
(127)and electron microscopev r J have found that in-binary 
Al-Cu alloys at strains > 15% no 9M was formed. Graf
and Guinier^^^suggested that the reason for this was that 
0” could only nucleate on {100} aluminium planes and these 
were so distorted that nucleation could not take place
i.e.nucleation on dislocations is not favoured because the 
0" is fully coherent with the matrix.Consequently,when the 
density of dislocations and their associated strain fields 
became high Qu can no longer be nucleated. The same result 
was obtained for this alloy,i.e. formation of ©,T after 
27 hours ageing'at 180°0 was accelerated by 10% cold work 
to about 4- hours.
The 91 phase has been shown to nucleate preferen­
tially on edge dislocations^’^ )(Plates 20,22),but it is 
not known whether it can be nucleated in a matrix free of
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defects* As the number of 9" precipitates decrease with 
increase in deformation,the increase in the amount of O’ 
cannot he due to an increase in the rate of the sequential 
changes and must he caused by direct nucleation of 9! from 
the super saturated solid solution. If only two of the poss­
ible three orientations of O’ were found within a grain this 
would confirm that the 0 f was totally nucleated on disloc­
ations of single Burgers vector (Plates 12-15)• Unfortun­
ately, as the specimens were polycrystalline,many slip 
systems we re operating in any one grain, giving a wide spread 
of dislocations with a statistical spread of 9* orientations 
(Plate 22). Silcock^^^by using single crystals,found that 
the majority of 91 particles formed in Al/Ou alloys were 
in only two orientations. While Von Heimendhal^^^claims 
that the matrix of a very highly deformed material has to 
he "cleaned” of dislocations before 9! can nucleate,Cook 
and Nutting^ypUthat it is likely that in a deformed mater­
ial 91 phase is totally dislocation nucleated.
The above argument clarifies many aspects of tensile 
properties versus ageing time curves of alloy A. The accel­
eration in formation of 9" would result in finer 9",hut 
reduction in the amount of 9" present. Cold working would 
act in the opposite direction and hence increment of the 
hardness of the first stage should decrease with increase 
in the amount of cold work. This factor would affect the 
maximum peak and,hence the increment of maximum strength 
is less than that of alloy B (see Figs.4.22,4.23)•
(O. Alloy C.
The ageing curves achieved for the alloy C showed 
only a single stage of hardening at 180°C and its response 
to cold work was different to those of alloy B and alloy 
A.
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It was reported in Section 1.6 0 6 .that formation of 
the zones in Al-Mg-Si alloys along <100> involves only 
an expansion of 2%,whereas the formation of disc shaped
G.P.zones in Al-4%Cu alloy involves an elastic strain 
corresponding to about 10% contraction,also along-a <100> 
direction normal to the {lOO  ^planes of the discs» There 
was no evidence showing contrast effect around the zones 
indicating any elastic strain between the zones and the 
matrix,or any preferential precipitation of the zones on 
dislocations (Plates 28-30). Therefore one may reach a 
conclusion that the estimated 2% expansion is too low a 
strain to show up any contrast effects,and also there 
would not be a significant reduction in free energy if the 
zones precipitated on dislocations. There was no evidence 
of contrast effects or heterogeneous nucleation for (31 
precipitates when the alloy was aged at higher temperature 
(Plates 31-33).
Therefore,cold work can only affect the initial 
rate of zone formation and there would not be any lasting 
effect on the properties of the alloy. The reason that the 
peak of strength on ageing slightly decreases with increase 
in the amount of cold working is not clear and since the 
reduction observed is-so small that it is possibly due 
to experimental error.
• - • ■'
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Interaction of dislocations with-Burgers vector at 120°C^^'^5 . 1 .  _ . . . . . .
A, pile-up of dislocations (B. Ape tor . DC) on plane of the paper is intersected.’ 
by,a screw dislocation having a Buggers vector (CB) on the plane of the 'paper‘ 
as hown in (a). The pile-up dis3.;ocbtipns interact with the screw dislocation 
and gives the arrangement of degenerate to that of (c). '
3.2. EFFECT OP CREEP.
3.2,1, ON AS QUENCHED MATERIAL.
The influence of creep deformation on precipitation 
process is twofold;dislocations introduced during deform­
ation provide favoured sites for precipitation,thus modify­
ing the nucleation of precipitates,while the vacancy flux 
generated or eliminated during non conservative dislocation 
motion modifies the kinetics of precipitation. It is 
assumed (with the support of resistivity measurements 
Section 1*3) that the excess vacancy concentration retained 
by quenching is rapidly eliminated during the development 
of the early subgrain or helical dislocation formations. 
Subsequent deformation would take place in conditions where 
the vacancy concentration approximates to equilibrium value 
at the straining and ageing temperature.
The models proposed by Balluffi and Ruff.^^) are
used to explain the vacancy/dislocation interaction. 
f
3.2,1.1o MIMBER OP DEFECTS ENTERING OR LEAVING JOGS*
In this model,consisting of equal numbers of pure
edge and screw dislocations which contribute equally to the
strain,it is assumed that the edge and screw dislocations
form a connected system and that in the steady state both
types of dislocations have to move in a-co-ordinated way
in order to produce the observed strain. If v is the averages
glide velocity of the screw dislocations,then
Ts = £/bf  . . . ( 5 - i )
Where f  is the total average steady-state dislocation 
density of the moving adge and screw dislocations which 
produce the deformation,b is the Burgers vector and £ is 
the given strain rate. The maximum net flux of point defects 
which must leave (or enter) a jog which is being dragged!
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along is tlien _ # _
A^s^Vs/b =6/b2/ . * „ (5.2)
The required climb velocity v for a jog; on a
w
climbing edge dislocation is - . . .
v = £ V A > f .................(5«3)
V
where y is the ratio of the distance-the average dislocat­
ion climbs to the distance it glides. For jogs on edge 
dislocations the maximum value for the net defect flux is
/ ^?^VY\Ze'/SL . .
where mb is the average distance a jog travels during its 
life time-on the edge dislocation when it contributes to 
the climb. The distance mb is determined either by mutual 
annihilation of jogs or,in the absence of annihilation by 
the length of the climbing dislocation segment. Therefore 
the total defect flux is
3.2.1.2. THEBHALLY GENERATED DEFECT FLUX.
While equation (3®3) gives an upper limit to defect 
flux produced during deformation it tells us nothing about - 
the particular vacancy concentration within the given area* 
This localized vacancy distribution will-depend on the 
type of dislocation substructure present. Initially a 
model is used in which a subgrain structure has developed 
and where deformation is maintained by the movement of • 
jogged screw and edge dislocations within the subgrains•
The net source .and sink: action of moving jogs is assumed 
to be equal over representative volumes of the subgrain.
At elevated temperatures the number of thermally 
generated defects entering,or leaving,jogs can be represen­
ted by . . . .
ZvAvexp(-(E^ + Em) /kT) . . . (3*6)
where (z) is the co-ordination number (=12 for F.C.C.
-207-
metals),v is the Debye vibrational frequency (10^ sec.*"^ ), 
and A^  is a constant between 1 and
If the mechanically produced jogs cannot produce 
sufficient climb to support the deformation it is necessary 
to wait for the Jog formation by thermal fluctuations. 
Actual creep data indicate that this is generally not 
necessary and that the energy of the Jog formation is 
effectively negligible and thermal nucleation of Jogs is 
very rapid.
If thermal J ogs dominate, i. e. A » A  ,
there would be .a plentiful supply of vacancies produced^  
by thermal fluctuations to feed Jog vacancy sinks,and they 
will therefore move by'absorbing vacancies rather than 
emitting interstitials. This suggestion is consistent with 
the interpretation of electrical resistivity^and elect­
ron microscopy results see also Section 4). This
situation occurs in normal creep testing temperatures 
> T /2 (T is the absolute melting temperature) e.g.for 
dilute aluminium alloys at 300°C with £ =2.4-%/h,A O^ -
and A (158).
5.2.1.3. VACANCY CONCENTRATION AT THE IMMEDIATE VICINITY 
OE JOGS
The vacancy concentration (C.) at the immediate
0 ( ']r7Q')vicinity of a Jog can be represented byv . { J
OpC° exp(Eb/kT)...............  (5.8)
where C.2r is the equilibrium concentration in-unstrainedw
material and E is the force on diffusing Jog. Eor both 
Jogged edge and screw dislocations
IV =Kc7b2  ..............   (5.9)
K being a constant (<20) and er the stress acting on the 
jog. Applying Tresca'sv { 'citerion,the critical resolved 
shear stress for uniaxial straining would therefore be 
^ea/2. This would approximate to the stress acting on 
dragged Jogs in pure metals. Eor alloys bcwever,a contrib­
ution to the shear stress arises due to the "frictional 
force" from the solute in solid solution. Depending on 
whether vacancies are created or destroyed,? is positive 
or negativeo
A lower limit for bulk diffusion of vacancies 
between Jog sources and sinks is given by^*'^ _
.=st2HD/a2 ( ~ ) . . . (5.10)
° ( 0° >
— ftwhere (a) represents the lattice parameter ( 4x10” cm)
and D,the self diffusion coefficient in the unstrained- 
material is given by D=a A^v exp .{-(E^+E )/kT} cm /sec.
Comparison of equation (5*7) with (5«10) should 
indicate the behaviour of the material under creep deform­
ation. If the vacancy concentration in the immediate 
vicinity of the J*ogs is slightly greater than the average 
(thermal) vacancy fluctuation,appreciable acceleration in 
ageing kinetics is unlikely as such fluctuations can 
quickly be dissipated through the material by diffusion. 
Therefore,the average super saturation increment within 
an alloy should be much higher (A4>.»A3>j_) if accelerated 
ageing kinetics are to be observed.
Erom the above analysis it is concluded that 
high temperature deformation would have only a limited 
effect on the ageing kinetics of the alloys,deformed at 
relatively slow strain rates. As the strain rate is increa­
sed, A$ and A<$ would increase correspondingly,and in
w O
order to maintain the flow of defects between sources and
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sinks ,perturbation at the Jogs would have to be increased. 
Driver and Barr and have shown that concentrated alum­
inium-copper alloys show large fluctuations even at low 
strain rates,causing enhanced ageing.
However,in the case of the alloys used in this 
work the effect is more complex and can be summarised as 
follows:
(i). At low strain rate and high ageing temperature 
the incubation period for nucleation of intermediate 
precipitates (e.g. ©f,S! and 3') is of the order of min­
utes, so that there is insufficient time for a deformation 
substructure to form (before nucleation of precipitates).
The interaction of vacancies and solute atoms with disloc­
ations introduced during these early stages of deformation 
gives rise to retarded intermediate precipitation^
Since the solute segregates to the helical dislocations,
( 1 7 3  )the subsequent diffusion through the matrix is minimised^ ' .
(ii). At-faster strain rates and lower ageing
temperatures (e.g. 180°C used for alloy B) helices formed
are degenerated into loops and tangles,either as the screw
( 33)components torn from the h e l i c e s o r  by interaction of
moving dislocations with helices. The elimination and
tangling of the helices have been theoretically explained 
(175-177)v and in_case of aluminium and its alloys experim-
ft-entally shown^ tEsulfe \v\ <bUc^f\Wxx OCiOslexCued
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5.2e2. ON AGED MATERIAL*
3 a 2 o 2c1 * RELIEF OF LATTICE MISFIT BY INTERFACIAL DISLOC­
ATIONS.
From simple geometric arguments it is obvious 
that one,two and three dimensional misfits at precipitates 
must be accommodated by dislocation networks of at least 
one,two or three Burgers vectors respectively* For the 
most efficient relief of misfit,the dislocations should be 
of edge type with the Burgers vector lying in the plane 
of the interface and extra half-plane lying in the cystal 
with the smaller spacing. Thus,for a lath or needle-shaped 
precipitate with a small misfit along the needle axis £1003 
the misfit can be relieved by prismatic loops with a 
Burgers vector in the [100 3 direction,for a plate shaped 
precipitate lying on (001) plane,the small misfit in the 
plane of the plate can be relieved by two sets of loops 
with Burgers vectors in the £1003 and £010} directions 
or,alternatively in £.110]and [11 O'}directions,for a cube 
shaped or spherical precipitate with a small misfit in 
all directions, the misfit can be relieved by three sets 
of loops with Burgers vectors in the £100] ,£0103 and 
£.001] directions (or by some combination of <110> loops^^\
When coherency is completely lost the spacing 
d of the dislocations is given by the Brooks formulaw  ,
a =— f e A _ ..................(5.11)
where \ b \ is the magnitude of the Burgers vector of the
dislocation and 5,the misfit equals:
d1-d2 .............
5 = 2 (------  ) * * * * (5.12)
d^+d2
where d^  and d2 are-the spacing of precipitate and matrix 
planes respectively.
For a particular precipitate the interface dis­
location may he of mixed character or the dislocation line 
may not lie parallel to the misfitting planes. In either 
case \ b \ will be interpreted as the resolved edge compo­
nent of the dislocation in the misfit direction.
The structure of S’ is discussed in detail in 
Sections 1 and 4. It grows as laths along <100>A1 direct­
ions with the sides of the lath parallel to (010)g and 
(001)g-and with following orientation relationship to 
matrix,
[1003S // C1001A1, [010]s // [021]A1 and
C001ls, // [0^2]^
giving a total of twelve possible orientations in the 
m a t r i x ^ I t  was also shown that despite the low misfit 
along !c’ direction the precipitate does not grow rapidly 
in this direction.
(a) 6 (vjocQ ~ -0.012, (b) &fp103 ~ +0o2Z{' and
(c) 6 £o0T)cV = ~0#cm'
The lath shape is determined by the low misfit in the (a)
direction. The broad face of the lath is normal to £00l3g
and the ratio of length to width to thickness is approx­
imately 9:3^  for large lath sizes.
If there is to be complete relief of misfit in the
(a) direction,the spacing of the -disloeat.ion._loops-,the spa­
cing of the dislocation loops is given by
\b \ 2.86 x cos 45°
a ~ 6 ~ 0.012
= 170A.
The measurements of the dislocation spacing along the length
o
of the laths,showed that mean spacing is about 300A. The 
difference between measured and theoretical value of the
loops spacing is because-not all the misfit along the 
precipitates is relieved.
The structure of B* is undetermined but it is 
known to have a low misfit along the length of the-rod and 
it behaves in a similar way to the S’ precipitates. Disloc­
ations were observed around B1 rods after 4 hours ageing 
at 520°C,but a complete network was never observed,as there 
was a gradual transformation of B1 rods to B platelets,
Mg^Si (Plates 31-34-) • Contrast experiments in (001) foils 
gave identical results to those for the S laths. The disloc­
ations were clearly visible when the direction-of the oper­
ating reflection lies parallel to the rod axis. Unfortun­
ately the electrolytes used produced etching effect on the 
specimens and washing them in various allowable solutions 
did not completely prevent this effect*
5.2.2.2o MECHAUISH OF LOBS OF COHERMCY.
It seems likely that loss of coherency of a growing 
particle could occur by one of the three possible mechanisms,
(i). The punching of dislocation loops at,or close 
to,the particle/matrix interface as a result-of coherency 
stresses set up in the matrix^’ 5^ ^ .
(ii).-The climb of dislocations from a source in 
the matrix,e.g.grain boundaries,or the "grow-in" dislocation 
network to the particle/matrix interface. The driving force 
for climb is provided by the elastic interaction between the 
strain fields of the particle and of the matrix^^\
(iii). The nucleation of dislocation loops inside 
the particle
Whichever mechanism is operating,there should be 
a dependence between the particle dimensions observed at the 
interface,provided,of course,that there is no fnucleation!
barrier in creating interface dislocations.
The rod shaped S! and f3! particles are character­
istic of particles with a small misfit along the lath or 
rod axis,and a large misfit perpendicular to this axis.
For a rod shaped,particle loss of coherency can occur by 
loop punching if-the misfit exceeds a critical amount 
(Veatherly^^*^)« With the measured misfits for S1 and (3‘, 
loss of coherency by punching would not be expected and 
this is confirmed by the random nature of the loss of 
coherency. Loss of coherency in both alloys appear to occur 
by a series of complex climb mechanisms. Initially,a dislo­
cation climbs to the particle and lies along one interface 
of the particle or loops around it. The dislocation then
breaks down-to form prismatic loops by two principal mech-
(14-3)anisms^  ^ •
(a). A single dislocation throws out segments 
which can climb to give a dislocation spiral wrapped round 
the particle. The-spiral then breaks down to give an array 
of discrete loops. This is analogous to the formation of
a helical dislocation and its break down into loops,as 
discussed in-Section 1.
(b). Alternatively,when the dislocation tends to 
lie across the rod length rather than along it,it can throw 
out segments which-climb along the interface to give a 
dislocation dipole. This dipole breaks down to form a series 
of loops which can again climb until they surround the 
precipitate.
The way in which a particular dislocation breaks 
up and the configuration it adopts before break up vaxies 
from particle to particle. Only dislocations with a Burgers 
vector component along the rod or lath axis break up to form 
loops,so that it is the misfit in this direction that cont-
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rols the whole process.
( i4>0
Nicholson and Weatherlyv ^yhave shown that disc 
shaped 9! particles lose their coherency by mechanism (iii). 
The loops are thought to form by the collapse of aggregates 
of vacancies on £100 } planes and the growth of these loops 
then occurs rapidly until they reach the extremities of the 
9 1 crystal.
5o2.2.5. DISLOCATION NETWORK FORMATION AT INTERFACES UNDER 
CREEP DEFORMATION.
The effect of creep deformation on ageing of the 
alloys would be discussed by considering the stress and 
energy criterions^^\
It was suggested that the loss of coherency for 
S* and 3’ precipitates occurs by climbs of dislocations to 
the precipitate/matrix interface from an exterior source.
If alloys containing these precipitates were simultaneously 
aged and plastically deformed under creep conditions we 
would expect rapid climb of the dislocations to the particle/ 
matrix interface until coherency had been completely lost.
So that at least in the early part of the creep life the 
particles are an effective sink for dislocations.
The energy criterion predicts two critical radiits 
for the particle (Brown et al,1967)^^“^ . There is a radius 
rcrit ^el°w which a precipitate cannot support a disloca­
tion loop at its interface and a radius r* below which it 
is still energetically favourable for a coherent precipitate 
to grow at the expense of an incoherent one. The loss of 
coherency,especially by mechanisms (ii) and (iii) is mainly 
concerned with r ^  •
Therefore,if the alloy is subjected to creep 
deformation at early stages of ageing,when the radius of
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most of precipitates are below the critical radius )
the loss of coherency is not favoured* In addition,disloc­
ations introduced would act as additional sinks for
(■''14-0 14-1 'Ivacancies,trap solute atoms v 1 yand also may still 
provide favoured sites for precipitation of particles,and 
hence on the whole retard the ageing. If the alloy is 
subjected to creep deformation,when most of the precipita­
tes have formed and their-size is above the critical size 
the ageing is accelerated. Since loss of coherency of 
precipitates is inhibited by the lack of matrix dislocat­
ions available for climb and creep deformation-would supply 
plenty of dislocations and assists their climb.
The formation of Mg^Si precipitates in alloy C, 
aged at 520°0 (e.g.Plate 34-) having a semi-circular shape 
is not well understood. However,it is^  possible for two 
growing 0 1 precipitates,which are closely spaced and have 
a very low misfit to interact and form a semi-circular 
precipitate.
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SECTION 6. CONCLUSIONS.
6.1. 5EEECT Off COLD WOBK.
1. The as quenched micro structures of the alloys 
consists of dislocation loops and helices. The dislocat­
ions are uniformly distributedk.in the matrix of alloy 
CM001D-(Al-Cu-Mg with the addition of Ee,Ni,Si) and BSS 
14-70 HS.15 (Al-Cu with the addition of Mg,Mh,Ee,Cr), 
except near the grain boundaries and particles,but they 
are tangled in alloy BSS-14-70 HS.30 (Al-Mg-Si with the 
addition of Mn,Fe,Cr,Cu).
2. The dislocation density in the quenched spec­
imens of alloy HS.30 is very low,because the vacancies 
are retained in solution as a result of interaction with 
solute atoms (Si and Mg) which have appreciable size 
difference when compared with the aluminium atoms.
3. Cold work redistributes the vacancies which 
have migrated to temporary sinks (e.g.vacancy clusters, 
particles) and hence increases the kinetics of the zone 
formation.
4-. Cold work introduces a negligible number of 
vacancies as the result of plastic deformation,but the 
additional dislocations so introduced would act as extra 
sinks for a greater amount of matrix vacancies,and thus 
lead to a refining of the size of zones.
- 5» Cold work accelerated the formation of 0" in 
alloy HcS.15ibut the amount of 0" decreases as the percen­
tage of deformation is increased.
6» In alloys H.S.15 and CM001D,©1 and S1 precip­
itate preferentially on dislocations and the precipitation 
is therefore refined as density of dislocations increased. 
There was no evidence of preferential precipitation on 
dislocations in alloy H.S.30.
7« Cold work accelerates the occurance of the 
peak of strength in the three alloys,but only increases 
the strength in case of alloy H.S.15 and CM001D.
8c The increment of peak strength is higher for 
alloy CM001D than that of alloy H. S. "^because of reduct­
ion in the amount of ©" in H.S.15*
9* Cold work retards the rate of overageing only 
in case of alloy CM001D and to a lower-degree in alloy
H.S.15 by providing finer precipitates.
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6.2f EFFECT OF CREEP.
1. The effect of creep deformation on the ageing 
of the alloys is critically dependent on the strain rate 
and temperature used. At high strain rates and low temper­
atures the dislocations tangle and form subgrain struct­
ures. The precipitation of precipitates in these regions 
and their rapid overageing causes accelerated ageing.
2. At lower strain rates and higher temperatures 
precipitation would occur before dislocations tangle or 
form subgrains. The interaction of dislocations with 
vacancies present in the material,hence their elimination 
and also with solute atoms results in retarded ageing.
3. The effect of creep deformation on the ageing 
of the already aged material is dependent on the previous 
ageing history of the material. Creep deformation increases 
the rate of overageing by providing plenty of dislocations 
to accommodate strain caused by the coherency of the prec­
ipitate with the matrix.
4. However?at early stages of ageing i.e. when 
the size of the precipitates below (at below this
size a precipitate cannot support a dislocation loop at 
its interface) and while dislocations may still provide 
nucleation sites for precipitates. The interaction of dis­
locations with solute atoms and vacancies retards the 
diffusion through the matrix (e.g.by trapping solute atoms) 
and hence retards the rate of ageing.
5. If the size of the precipitate is refined by 
cold working the alloy before ageing,the rate of over ageing 
on subsequent creep deformation would be retarded.
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